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Abstract 

The high strength and hardness of maraging steel can be functionally integrated with the 

thermal stability and toughness of CoCrMo alloy through multi-material additive 

manufacturing via laser powder bed fusion. To broaden the potential applications of this 

combination, this work proposes different heat treatment strategies that mutually enhance 

the mechanical properties of both alloys. Comparative analysis of texture development, 

precipitation sequence, and mechanical properties of as-built and heat-treated dual 

structures at different scales has been conducted. The results reveal that discontinuous 

martensitic transformation occurs in the interface after printing due to the combined effects 

of solute segregation, local stress distribution, and intermixed cellular growth. Of all the 

heat treatment attempts, exposure to 1150 °C for 2 hours, 940 °C for 5 hours, and 490 °C 

for 6 hours achieved the highest tensile strength through cooperative strengthening of 

intragranular γ-ε transformation in CoCrMo and Ni3Ti precipitation in maraging steel. 

Initial evidence of local grain variant selection has been revealed in as-built samples due 

to thermal cycling, which generates residual stresses, recoil forces, and convective flow. 

Surprisingly, the missing variants can also be inherited after heat treatment with 

insufficient solution temperatures. For the CoCrMo alloy, a higher ε-phase fraction is 

obtained after direct aging compared to solution treatment due to band-like isothermal 

transformation, coherent grain face massive transformation, and recrystallization. For the 

maraging steel, over-aging treatment revealed that austenite reversion starts at cellular 

boundaries that have disintegrated over time due to chemical diffusion. The formation of 

austenite islands during reversion closely resembles the morphological patterns of prior 

cellular and melt pool boundaries. Based on overall results, it can be concluded that the 
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CoCrMo alloy forms a compatible interface with maraging steel, and suitable heat 

treatment schedules can provide a synergistic balance between strength and ductility for 

both alloys.  
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Additive manufacturing (AM), commonly known as 3D printing, has transformed the 

landscape of the design sector, making the production of an entire assembly of parts with 

challenging geometry possible using a single piece produced in one cycle, using a single 

machine [1–3]. This technology is especially useful in industries like aerospace, 

automotive, energy, and healthcare, where high-performance parts are crucial. The benefits 

of AM include being able to use a wide variety of materials, faster production times, less 

need for repairs or downtime, more control over mechanical properties, and lower overall 

costs [4–6]. AM builds parts layer by layer from a digital model, which helps to place 

materials precisely and reduce waste [7,8]. Despite its versatility, a notable limitation has 

been the restriction to a single material composition per print. The next big step is to 

develop techniques that allow customization of material composition within the layers, an 

area of research generally referred to as multi-material additive manufacturing (MMAM). 

Critical materials will be assigned to specific regions only where they are needed, while 

using lighter or cheaper materials elsewhere. 

Numerous examples of industrial applications demonstrate the tremendous potential of 

exploiting the free form fabrication capability of MMAM. For instance, steel and copper 

combinations are prevalent in thermal and power generation applications. The huge 

difference in thermal properties between the two materials can be compensated by utilizing 

high resolution joints using AM technologies [7,9]. Different titanium alloys with intricate 

geometries are also being considered for structural components in the aerospace and 

aviation industries, considering the balance of heat resistance and strength against material 

expenditure [10]. Adapters in oxygen regenerators can be fabricated using steel-aluminum 
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alloy combinations where the high surface coating corrosion resistance of alumina is 

exploited [11]. Metal cutting tools can utilize high hardness and wear resistant components 

at the cutting tip, while tough and less expensive materials can be assigned to the shank 

part [9]. MMAM systems can be also used in authenticating other 3D printed materials, 

such as in adopting unique spectral signatures added on a part using DED [12,13]. 

Honeywell also has patented an AM technology that fabricates turbine blades using 

multiple superalloys that are optimized at different regions of the component depending on 

the service conditions [14]. A nickel-based superalloy with high creep resistance can be 

assigned to the blade shaft and tip, while a lighter titanium alloy can be assigned in the 

cooler root regions. [15]. Other examples include conformal cooling channels, thermal 

insulation coatings, laser telecommunication systems, electrochemical combinations in 

batteries, and integration of semiconductor components in electronic devices [16]. 

Laser powder bed fusion (LPBF) stands out as a leading AM method for printing metallic 

components. The key advantage lies in the near net shape fabrication capabilities, or the 

ability to produce parts that closely match their final design, eliminating the need for 

intricate mold designs [3]. The LPBF process applies a laser to selectively melt and bond 

successive layers of metal powders spread on a build plate based on a sliced model of the 

desired final product [8,15]. The powder delivery system allows a high printing resolution 

(20-50 µm, [17]) enhanced by the use of a finer laser spot diameter of 0.08 to 0.1 mm [3], 

which leads to greater in-plane print resolution and superior surface quality. Accordingly, 

MMAM applications that require higher precision, accurate spatial distribution control, and 

finer geometries such as in internal channels, overhanging regions and lattice structures are 

better accomplished using LPBF [18]. A high relative density in printed metal parts can 
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also be achieved in LPBF since the high energy from the laser can be focused to achieve a 

small melt pool size [19]. Aside from evident advantages in geometrical capabilities against 

conventional manufacturing processes, Damon et al.[20] also pointed out that LPBF is 

distinctly effective for expensive and resource critical materials because of minimal 

powder waste and recyclability of unused powder in the process. 

The overall focus of this thesis is to demonstrate the capabilities of MMAM by combining 

an Fe-based alloy in maraging steel and a Co-based alloy in CoCrMo using LPBF. A direct 

comparison of each material’s properties is presented in Table 1.1: 

Table 1.1. Comparison of properties of Dual-metal LPBF candidates. 

 

Property Maraging Steel [21] CoCrMo Alloy [22] 

Crystal structure 

BCC Fe–Ni 
martensite + 
intermetallic 

precipitates (Ni3Mo 
& Ni3Ti) 

FCC Co phase + 
Cr/Mo precipitates 

Major alloying elements Ni, Co, Mo, Ti Co, Cr, Mo 

Carbon content [wt%] < 0.03 < .16 

Thermal expansion [μm/m-°C] 8.64 13.6 

Thermal conductivity [W/m-C] 19.6 13 

Strengthening mechanism Precipitation 
strengthening 

Precipitation 
strengthening 

Standard heat treatments Annealing: 815 °C, 1 
h Aging: 482, 3-8 h 

Stress-relief: 1150 °C, 6h 

Magnetism Ferromagnetic Non-magnetic 

Relevant Temperature 
transitions 

Liquidus (1454 °C), 
Solidus (1427 °C) 

Allotropic 
transformation (970 °C) 

Melting Point [°C] 1413 1350-1430 

Density [g/cm3] 8 8.3 
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This pairing brings together the best of both worlds: Maraging steels [23–25], known for 

having superior strength, weldability, and easier serviceability, can be tactically merged 

with CoCrMo alloys [26,27] which have better thermal stability, higher wear resistance, 

and inherent biocompatibility. Precipitation strengthening is also improved in both alloys 

with Mo [24,26]. Initially, this material combination was chosen for improving thermal 

transport and making injection molding processes better, particularly in simplifying both 

the cost and design complexity. However, with an appropriate post-processing heat 

treatment, the possible applications could dramatically expand to high-performance parts 

that require optimized mechanical properties and demand stricter standards, such as 

loadbearing structural components [24], heavy tooling and cutting machinery, impact 

energy absorption assemblies [28], and automotive engine components [29].  

For CoCrMo alloys, finding the right balance between the metastable gamma (γ) phase and 

martensitic epsilon (ε) phase depends on various microstructural factors, including stacking 

faults [30], recrystallized grains, coherent twins, pinning precipitates [31], and interstitial 

elements [32]. Depending on the accumulation of Shockley partials and density of 

dislocations, the γ-ε transformation can take place through strain addition [26], annealing 

[30], diffusional massive transformation [33], or rapid cooling [34]. The subsequent growth 

predominantly occurs along parallel striations that extend in {111}γ habit planes [35]. 

On the other hand, for maraging steel, the cyclic heating during AM repeatedly reverts the 

melt pool back to the parent austenite phase and creates blurred lath transformation 

morphologies. The orientation relationship (OR) between the original austenite grain and 

a set of resulting product orientations after solidification, known as variants [36], is 

influenced by various factors of the transformation process: the local segregation of 
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alloying elements, the cooling rate of the solidification front, and the accumulated thermal 

strains. Analyzing the development of transformation textures and corresponding 

mechanical properties of AM-produced structures is complicated by the columnar dendritic 

structure and the thermal cycles experienced during printing, which tend to obscure the 

boundaries of the original austenite grains. 

1.1 Problem Statement 

This thesis addresses the complex challenges of successfully printing and conducting 

effective heat treatment for a maraging steel-CoCrMo alloy multi-material component. 

These challenges are centered around two critical objectives: ensuring that each alloy 

achieves its optimal internal structure, composition, texture, mechanical properties, and 

phase transformation, all without compromising the component's overall integrity due to 

alloy contamination and intermetallic formation at the transition zones. The investigation 

focuses on three key areas: 

 The need to comprehensively characterize the interfacial properties of MMAM 

components to ensure that the mechanical properties at the interfaces are on par 

with those of the individual alloys. 

 The development of a compatible heat treatment strategy that maximizes the 

mechanical properties of both alloys, striking a balance that leverages the strengths 

of each material. 

 The inadvertent changes in microstructure and mechanical properties of the 

individual alloys following non-standard and optimized heat treatments require in-

depth analysis and characterization. 
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1.2 Objectives 

The objectives of this work are summarized as follows: 

 Interfacial Characterization: Identify the interfacial characteristics of a maraging 

steel-CoCrMo alloy multi-material (MMAM) component, focusing on the 

mechanisms at play during solidification of the transition zone compared to the base 

alloys. 

 Heat Treatment Optimization: Develop a suitable heat treatment strategy to 

maximize the mechanical properties and microstructural evolution of the entire 

multi-material component and the individual alloys. 

 CoCrMo Alloy Transformation and Precipitation: Determine the effects of heat 

treatment on the transformation behaviors and precipitate formation in CoCrMo 

alloys outside conventional temperature regimes. 

 Maraging Steel Transformation Behavior: Determine the effects of heat treatment 

on transformation behaviors and texture development in maraging steels, with an 

emphasis on variant selection during austenite reversion. 

1.3 Major Contributions of the Work 

The major contributions of the research work presented in this thesis are: 

 Comprehensive transition zone characterization, mechanical property testing, and 

analysis of solidification mechanisms for the continuous laser powder bed fusion 

(L-PBF) of 18Ni(300) maraging steel and CoCrMo alloy, a material pairing that 

has not been printed before. 

 Demonstrated different heat treatment procedures that enable functional synergy 

between the base alloys, adjusting the individual mechanical properties to suit 



 

7 

specific component applications without compromising the integrity of the 

transition zones. The observed effect of solute distribution to martensite formation 

in the interface also aligns well with thermodynamic simulations. 

 Introduced a repeatable variant analysis procedure for multi-material components 

that establishes direct parent-child orientation relationships without the need for 

parent reconstruction and crystallographic orientation simulation techniques. 

 Provided new evidence of grain-scale variant selection unique to AM maraging 

steel components and proposed the possible mechanism that dictates the missing 

variants: the distribution of residual stress and recoil forces in the depression region 

and surface tension in the tail end region of the melt pool. The Marangoni flow 

driven by surface tension differences also appears to reduce variant selection during 

solidification, since fewer variants are missing at the edge of the melt pool 

compared to the center. 

 Explained variant selection inheritance mechanism in maraging steels after heat 

treatment below the solutionizing heat treatment temperature. Similar variants are 

missing during printing and after aging, which consequently reveals that 

recrystallization and complete solution treatment above the Ae3 line is necessary to 

allow the formation of all possible lath configurations in approximately equal 

volume fractions. 

 In-depth investigation of atomistic behavior and precipitation formation during 

aging of maraging steels, particularly demonstrating how austenite reversion from 

alloy depletion during precipitation can be reduced using homogenization and 

solution heat treatment. 
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 Compared various phase transformation mechanisms unique to additively 

manufactured CoCrMo alloys, particularly in preferential carbide formation, 

coherent grain face massive transformation, annealing twins, and isothermal ε-

phase banding.  

 Established that the formation of austenite grains during reversion in maraging 

steels closely resemble the morphological patterns of preceding melt pools and 

columns. Despite partial disintegration of cellular structures, they critically 

influence phase and orientation distribution during austenite reversion at long aging 

times. 

1.4 Thesis Structure 

The rest of the thesis is organized as follows: 

In Chapter 2, the current field of Multi-material additive manufacturing is presented, 

focusing on the alloys selected for this work. Core concepts relevant to characterization 

and testing techniques performed in this work are also introduced, including melt pool 

dynamics, texture analysis via Electron Backscatter Diffraction (EBSD), orientation 

relationships during phase transformations, stereographic projections, and variant selection 

mechanisms. 

Chapter 3 explores the initial experimentation with continuous 3D-printing and heat 

treatment of 18Ni(300) maraging steel and CoCrMo alloy using Laser Powder Bed Fusion. 

While observations revealed the absence of cracks and confirmed compatible interfacial 

bonding through thermodynamic simulations, intriguing phase transformation mechanisms 

were detected in the transition zones after printing and after conventional heat treatment.  
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Chapter 4 broadens the analysis of solidification phenomena during heat treatment of the 

multi-material component. The objective is to achieve a synergistic balance between the 

mechanical properties of the overall structure with the internal structure of the base alloys. 

Optimized heat treatment schedules led to unique interface mechanisms that warranted a 

deeper phase transformation investigation of the individual alloys. Attention is directed 

towards the correlation of variant selection to recoil forces, stereographic plotting of 

austenite-martensite boundaries in the transition zone, and the atomistic behavior of solutes 

during heat treatment at the interface. 

Chapter 5 is dedicated to a detailed examination of phase transformation mechanisms in 

the CoCrMo alloy. Given that the heat treatment schedules are outside the conventional 

temperature regimes and exposure durations, this chapter enhances the existing 

understanding of the transformation phenomena for this alloy. Band-like isothermal 

transformation, coherent grain face massive transformation, ordered carbide nucleation, 

twinning and recrystallization phenomena are linked with the observed mechanical 

properties and microstructures. 

Chapter 6 investigates the texture inheritance during the austenite-martensite 

transformation in maraging steels. Introducing a novel perspective on examining phase 

transformation phenomena using over-aging, this chapters presents fascinating findings 

regarding austenite reversion. Although the cell boundaries from printing disintegrate at 

long aging times, the local element segregation influences austenite reversion in such a 

way that the location and texture of reverted austenite preferentially traces the prior melt 

pool boundaries and columns. 



 

10 

Chapter 7 concludes the thesis with a comprehensive summary of the research conducted 

and the findings obtained. The flowchart below summarizes the workflow for this thesis: 
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AM technologies have been classified into seven categories according to raw materials 

type, power source and processing technique [1]. The classifications of the AM techniques 

are presented in Figure 2.1[2], categorized as vat photopolymerization, material extrusion, 

material jetting, binder jetting, sheet lamination, directed energy deposition, and powder 

bed fusion techniques. Among the wide variety of methods for fabricating metallic 

materials, Directed Energy Deposition (DED) and Laser Powder Bed Fusion (LPBF) stand 

out as the most promising and extensively researched techniques for metals. 

Multi-material parts are typically assembled using conventional techniques such as laser 

welding, electron beam welding, friction stir welding, explosive welding, or diffusion 

bonding [3]. The main issue in conventional techniques relate to the resulting local change 

Figure 2.1. General Classification of AM technologies [2]. 
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of microstructure in the base metals, which can lead to cracking, distortion, and brittle 

inter-metallic phase formation. [4]. Although such joining processes will likely remain as 

the main choice for standard shapes and simple interfaces, certain process conditions and 

complex material functionalities will necessitate novel techniques that are only attainable 

using MMAM. Different materials that are separately fabricated and then welded can be 

integrated in a single process chain [5]. Limitations on tool access, post-processing 

machining requirements, the need for near planar joining surfaces, and impossibility of 

joining tight corners and geometries can be eliminated using MMAM [6]. Furthermore, 

traceability and material part security for existing AM techniques can be improved by 

adding tracking mechanisms using MMAM [7].  

However, MMAM applications can be limited by contamination issues, slow deposition 

rates (5-20 cm3/h [8]), and the inherent layer-wise homogenous material limitation. Process 

conditions cannot be easily adjusted when switching between different materials [9]. 

Increasing the deposition rates will decrease geometric accuracy. Increasing other printing 

parameters such as the laser power, scanning speed and hatching space can also improve 

the production rate, but components will have higher susceptibility to printing defects such 

as holes and lack of fusion defects [8]. 

2.1 Challenges in LPBF multi-material printing 

As one of the prominent AM techniques, LPBF is under consideration for multi-material 

AM because it uses base materials in powder form to produce a thin, continuous interface 

[10]. However, the high heating and cooling rates of laser melting can introduce residual 

stresses that can be detrimental to interfacial bonding and material compatibility [11]. 

Despite having geometric flexibility and high resolution, existing LPBF systems are mostly 
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restricted to a homogenous composition. The particle bed mechanism also hinders 

customization of powder composition on a specific layer, which can readily be 

accomplished in the DED process by using multiple powder containers in the feeding 

system. Nevertheless, several material-spreading techniques have already been proposed 

to overcome the single layer customization problem [12], and these methods are illustrated 

in Figure 2.2. 

The blade-based powder spreading system in Figure 2.2a has been successfully used in 

copper-stainless steel bimetallic components using modified powder containers but has 

only solved the material restriction in the vertical direction [13]. Although the point-to-

point processing efficiency of the ultrasonic-based feeding system in Figure 2.2b is still 

limited, studies have demonstrated the uniform spreading capability of ultrasonic based 

dispensers [14]. A start-up company named Aerosint invented custom rollers that control 

powder placement using rotating drums to deposit a specific material at a specific point in 

Figure 2.2. Single layer restriction solutions [12]: a) blade-based powder recoater, b) 
ultrasonic-based dispenser, c) electrophotographic dispenser, and d) hybrid ultrasonic and 
blade spreading system. 
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the printing space, as shown in Figure 2.2c [2]. A vacuum cleaning step has also been added 

in the hybrid-based system in Figure 2.2d, allowing the addition of a second powder type 

in the same layer once the initial powder type has solidified [15]. Other possible solutions 

[16] include the use of electrostatic powder deposition [17] and pneumatic pressure-

assisted flow [18] although confirming the suitability of the techniques to multi-material 

printing are yet to be fully explored. Bandyopadhyay & Heer [19] added that high stresses 

could be induced at the interface if there is a considerable difference in the materials' 

thermal behavior. However, in some cases, the difference in chemical composition in the 

interface can also lead to superior mechanical properties by improving the interlocking 

mechanism between the materials and limiting the formation of possible brittle 

intermetallic precipitates. For instance, better mechanical properties were observed in an 

Inconel 718-316 stainless steel bimetallic fabricated using LPBF due to a diffused interface 

and microstructure in the interfacial region [20]. On the other hand, Binder et al. [21] and 

Nadimpalli et al. [22] also pointed out the challenge of separating and recycling each 

material mixed in the powder bed after fabrication. Processing the unused powder 

feedstock with a mixed material composition introduces a new economical challenge for 

MMAM using LPBF. In addition, Binder et al. [21] proposed the integration of electronic 

systems to detect process defects and control the product properties in-situ, but the 

technique is still a subject for future investigation. 

2.2 Understanding 3D Printing: melt pool dynamics 

LPBF involves complex interrelated physical phenomena including laser energy 

absorption and reflection, heat transfer, fluid dynamics, cyclic phase transformation, 

evaporation, and inherent chemical reactions. Understanding how they interact in the 
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microsecond and micrometer scales is vital for producing parts without defects and with 

intended mechanical properties [23]. Only a minor portion of the energy from laser beam 

is absorbed by the particle surface since photons are constantly being reflected. Therefore, 

the characteristics of both the laser and the powder significantly influence the formation 

and the shape of the LPBF melt pool [24]. 

In LPBF, factors such as surface tension-driven Marangoni convection and vaporization 

influence the melt dynamics and the formation of pores and spatter [23]. This can be 

triggered by variations in temperature or composition within the melt pool, leading to a 

flow that generally moves outward from the center, where temperatures are highest [25]. 

The Marangoni number (𝑀௔) is a dimensionless measure used to assess the strength of this 

convective flow, calculated with the formula [24]: 

𝑀ռ = −
𝑑𝛾

𝑑𝑇

𝐿𝛥𝑇

µ𝛼
 

 [1] 

where µ represents the dynamic viscosity, 𝛼 is the thermal conductivity, 𝐿 is the 

characteristic length of the melt pool, 𝛥𝑇  constitutes the difference between the maximum 

temperature with the material’s solidus temperature, and տᇁ
տյ

 corresponds to the surface 

tension sensitivity with temperature. Increasing the melt temperatures can lead to 

vaporization of volatile elements, the phase transformation of which is accompanied by 

rapid material movement and expansion which generates recoil pressure. A higher recoil 

pressure leads to material expulsion and metallic jet formation while a lower recoil pressure 

leads to a flatter melt pool geometry [26].  
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After the laser melts the powder layer, the solidification behavior dictates the solute 

concentration, grain size, and component microstructure. Key factors to consider in the 

solidification front include the temperature gradient (G), solidification growth rate (R), the 

degree of undercooling ΔT, and raw material composition. As depicted in Figure 2.3, the 

solidification morphology is largely influenced by the interaction between G and R. The 

G/R ratio determines the shape of the solidification, whereas G*R reflects the size of the 

solidification structure [27]. An increase in the G/R ratio changes the morphology from 

equiaxed to dendritic, then to cellular, and finally to a planar structure [28]. As additional 

layers are added, grains grow in an epitaxial manner, adopting the texture of the layer 

Figure 2.3. Influence of G and R to solidification front size and solidification morphology
[27]. 
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below. With changing compositions in multi-material structures, the interplay of textures 

wherein the characteristics of one alloy affect the next layer's morphology presents a 

fascinating area for study. Adjustments in the scan strategy, laser power, scan speed, hatch 

spacing, and layer thickness directly influence the final solidification pattern. Moreover, 

the unequal distribution of alloying elements, each with distinct liquidus and solidus 

temperatures, causes segregation within the melting pool, which undergoes repeated 

heating and cooling cycles. 

2.3 Characterization spotlight: Electron Backscatter Diffraction (EBSD) 

A significant portion of this thesis involves the analysis of Electron Backscatter Diffraction 

(EBSD) results. Components created through 3D printing are typically polycrystalline, 

consisting of grains that exhibit different crystallographic orientations. The process of 3D 

printing, characterized by directional solidification and the layer-by-layer construction, 

often results in a preferred orientation, or texture, within the material. The observed 

textures directly correlate with the mechanical properties and performance of the printed 

component.  

Electron backscatter patterns emerge from the interaction between an electron beam and a 

properly tilted specimen, typically at ~70° from the horizontal. The incident beam, upon 

hitting the specimen, scatters elastically at large angles, causing electrons to spread out 

from a point just beneath the specimen's surface to strike the crystal planes from various 

directions. This scattering process forms patterns of Kikuchi cones whenever the electrons 

meet the Bragg condition. The generated Kikuchi patterns are distinct for all possible 

crystal structures and crystal lattice orientations [29].  



 

21 

Automated EBSD has revolutionized quantitative texture analysis due to its exceptional 

Figure 2.4. Typical maps obtained from EBSD analysis: (a) phase map, (b) inverse 
pole figure map, (c) kernel average misorientation map 
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spatial resolution, ability to analyze orientation relationships and stereology, fast 

processing speeds, and the capacity to visually display local textures and grain boundary 

characteristics through orientation mapping [30]. The results from EBSD analysis allow 

the characterization of grain orientations, phase identification, local misorientation, and 

strain distribution given a two-dimensional section of a material. When paired with 

microstructural results from Scanning Electron Microscope (SEM) and compositional 

analysis from Energy Dispersive Spectroscopy (EDS) analysis, a thorough understanding 

of the component's properties can be confidently obtained. As an example, Figure 2.4 

illustrates three fundamental maps generated from EBSD analysis of a heat-treated 

CoCrMo alloy. Figure 2.4a shows the phase map wherein each phase is distinguished by 

referencing known lattice geometry of different crystal systems. Figure 2.4b shows the 

Inverse pole figure (IPF) color maps that colorize the crystallographic orientation of each 

pixel in every grain based on a reference coordinate system. For AM structures, the 

building direction is typically assigned as the reference direction. A preferred texture can 

be intuitively interpreted from the IPF maps when a specific color is more dominant (i.e., 

mostly green means <110> // BD is preferred). Figure 2.4c represents the Kernel average 

misorientation maps that emphasize small orientation changes within grains, which can be 

directly associated with the strain distribution within the microstructure. 

2.4 Texture development during printing: orientation relations 

Alloys in additive manufacturing experience rapid phase transformation transitions during 

the cyclic deposition and melting processes. These transitions yield a distinct 

crystallographic orientation for a 'parent' phase during melting at elevated temperatures and 

a corresponding 'child' phase after rapid solidification. In most cases, such transformations 
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are guided by an orientation relationship (OR) established between the parent and child 

phases. An OR refers to the specific geometric parallelism conditions between lattice 

planes and directions of parent-child crystal symmetries that are maintained by both phases 

relative to an invariant boundary [31]. The transformation from the parent to the child 

structure upon cooling naturally aims to reduce the strain energy in the system. Among 

various potential lattice changes during this transition, only a select few configurations 

meet the criteria for minimizing strain energy. This means that two associated phases can 

have a non-random distribution of orientation relationships [32]. The resulting child 

orientations, commonly known as variants, each possess equal chances of forming from a 

prior grain. The resulting configuration dilutes the parent texture for energy minimization. 

The possible transformation pathways of austenite in steel, influenced by the type and 

concentration of alloying elements, process cooling rate, and austenite's initial condition 

(either strain free or deformed), include: (a) diffusion-driven transformation to polygonal 

ferrite or pearlite, (b) shear-driven transformation to martensite, or (c) a combination of 

diffusion and shear leading to acicular ferrite or bainite formation [33]. If the austenite 

displays an initial preferred texture, then the resulting phase (be it ferrite, martensite, 

acicular ferrite, or bainite) will likely inherit a texture closely related to that of the austenite 

[34]. In the context of maraging steels, the processing conditions have long been exploited 

to dictate the martensitic transformation process and define the mechanical attributes of the 

final product. The enhancement of mechanical strength is partially achieved through a 

Hall–Petch type effect, where refining the parent grains into smaller martensitic grains 

reduces the overall grain size of the alloy [35]. To characterize the transformation from the 

fcc-phase of austenite to its bcc-phase products, three predominant orientation 
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relationships are commonly employed [36]: The most straightforward relationship is the 

Bain relationship, which involves a 45° rotation around each of the three <100> austenite 

axes, resulting in three distinct orientations or variants for the transformed phase: 

{001}႒ || {001}႐ ,< 100 >႒  ||  < 110 >႐ 

The Kurdjumov-Sachs (KS) relationship, which is characterized by 90° rotations around 

the 24 <112> austenite axes, yielding 24 potential variants, corresponds to the parallelism 

conditions: 

{111}ᇁ || {110}ᆿ ,< 110 >ᇁ ||  < 111 >ᆿ 

Finally, the Nishiyama-Wassermann (N-W) relationship, defined by: 

{111}႒ || {110}႐ ,< 211 >႒ || < 110 >႐    

Each NW variant is near two K-S variants by only about 5.3° rotation about the [111] 

austenite direction, with each variant corresponding to 95.2° rotations about <-1 + 21/2 + 

31/2, 1 + 21/2 + 31/2, 21/2> axes [34]). The K-S relationship generally provides a closer match 

to the transformation texture of low-carbon steels compared to the N-W relationship, with 

the Bain relationship serving as an approximate model [36]. The most common orientation 

relationships observed in fcc-bcc systems and the corresponding number variants are 

summarized in Table 2.1[37]. 

Stereographic projection serves as a classical method to illustrate the angular relationships 

between different lattice planes and directions. It is particularly useful for mapping 

arbitrary lattice planes or directions from one crystal to another, especially in the context 

of illustrating ORs during phase transformation [37]. Using stereographic projection, all 

the variants of the ORs presented earlier can also be visualized on top of the pole figure of 
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the parent crystal. Figure 2.5 presents the projection of the {001} and {110} poles of the 

child bcc (𝛼) phase onto the (111) plane of the parent fcc (𝛾) phase. As can be observed in 

Figure 2.5a, eight K-S and four N-W variants cluster around each of the three Bain variants. 

The Pitsch "spots" are identified by a simple 45º rotation about the <100> axes from the 

N-W positions, located between pairs of K-S reflections, similar to the N-W reflections. 

The locations of the Greninger-Troiano (G-T) reflections are particularly noteworthy. 

Positioned between pairs of K-S and N-W spots, and merely about 2.4º from K-S and 2.9º 

from N-W, which suggests the correlation of these variants to the other transformation 

mechanisms [38]. 

Table 2.1. Well-known orientation relationships between fcc and bcc structures [37]. 

 

OR Parallelism Conditions No. of Variants 

Bain 
{001}fcc || {001}bcc 

⟨100⟩fcc || ⟨110⟩bcc 
3 

Kurdjumov-Sachs (K-S) 
{111}fcc || {110}bcc 

⟨110⟩fcc || ⟨111⟩bcc 
24 

Nishiyama-Wassermann (N-W) 
{111}fcc || {110}bcc 

⟨112⟩fcc || ⟨110⟩bcc 
12 

Pitsch 
{100}fcc || {011}bcc 

⟨011⟩fcc || ⟨111⟩bcc 
12 

Greninger-Trioano (G-T) 

{111}fcc || {110}bcc 

⟨5 12 17⟩fcc || ⟨17 17 7⟩bcc 

or ⟨123⟩fcc || ⟨331⟩bcc 

24 

He-Godet-Jonas (H-G-J) 

{17 17 7}fcc || {5 12 17}bcc 

or {331}fcc || {123}bcc 

⟨110⟩fcc || ⟨111⟩bcc 

24 
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However, not all variants are present in alloys with unique processing conditions, such as 

in AM components. A core contribution of this work is in directly providing grain-scale 

evidence of variant selection mechanisms in austenite-martensite structures from EBSD 

results without simulation. Various mechanisms have been provided by previous 

researchers in order to explain the preference of specific variants during unique 

thermomechanical processing conditions. These explanations can be broadly categorized 

into three schools of thought:  

 The geometric configuration of deformed austenite grains or subgrains tends to 

promote the growth of variants into particular orientations [39]. 

 The interplay between transformation-induced strains and existing stresses 

(whether residual or externally applied) in the austenite grain facilitates the 

emergence of certain variants [39–41]. 

 The active slip systems within the austenite, particularly noting that the {111} slip 

planes and <110> slip directions align with the habit planes and directions 

Figure 2.5. Stereographic projection of well-known fcc-bcc phase transformation ORs 
projected in the (111)𝛾 corresponding to a) {001} bcc poles, b) {011} bcc poles [37]. 
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observed in the K-S orientation relationships, encourage the preferential 

nucleation of the new phase [42]. 

The study of texture transformation presents two main challenges. Initially, measuring the 

texture of the parent phase is often problematic due to its instability at room temperature, 

leading to its complete transformation into product phases. Additionally, accurately 

determining the orientation relationship between parent and product phases using X-ray 

techniques is difficult, as pole figures provide only a broad or statistical perspective of the 

relationship. The complexity of Euler space representation of the angle rotations, being 

non-linear, further complicates the analysis [36]. 

However, when both parent and child phases are retained in room temperature, and a 

sufficient quantitative analysis method such as EBSD can capture the individual 

orientations of each pixel, an in-depth analysis of the transformation history will be 

possible. The parent γ-phase retention located in the interface of the MMAM component 

in this study reveals a new avenue for phase transformation analysis. Variant distribution 

and local selection in additively manufactured maraging steels have been recently 

observed by Truong et al [43], but the analysis relied on full parent reconstruction due to 

the single phase matrix after solidification. Since retained γ-phase exists in the interface 

of the multi-material component in this study, the orientation of the parent and child 

grains can be directly correlated. 

2.5 Material candidates for Dual-metal LPBF 

Several factors should be considered in choosing the materials to be combined in MMAM. 

Difference in thermal properties will cause uneven melt pool temperature distribution and 

dissimilar heating and cooling rates, which can lead to defects such as warping, 
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delamination and cracks due to residual thermal stress accumulation, particularly in the 

interface. Difference in melting point and laser absorptivity will cause uneven melting and 

alloying segregation if the laser energy density is inadequate in melting some particles of 

the higher melting point material or excessive in evaporating some particles of the lower 

melting point material. The unmelted particles can further be trapped in the molten pool 

and cause stress concentration or introduce zones of weaknesses in the part. Special 

conditions such as liquid metal embrittlement should also be taken into consideration. 

Mixing and diffusion of alloys in the melt pool can cause formation of harmful 

intermetallic (IMC) compounds that can unpredictably modify the resulting mechanical 

properties in the interface [16].  

2.5.1 Alloy Choice 1: Maraging Steels 

One of the most investigated materials for LPBF is a class of iron-based alloys termed 

maraging (Martensite-aging) steel. Although LPBF employs high cooling rates during 

processing, maraging steels remain compatible due to its high resistance to cracking [44]. 

Maraging steels are commonly adopted due to their high strength and high fracture 

toughness, which originates from the formation of intermetallic compounds (Ni3Ti, Ni3Mo, 

Fe2Mo, etc.) in a carbon-free martensite matrix during aging treatment [8]. The 

strengthening mechanism differs from most of the high strength steels that rely on the 

carbon content, and the lack of interstitial elements also results to excellent weldability of 

the maraging steel powder. Several aliases are used for the 18Ni(300) grade, such as MS1 

by EOS, and X3NiCoMoTi18-9-5. Similar studies [45–48] produced maraging steels by 

LPBF, which achieved comparable or increased strength in contrast to the wrought 

counterparts. The main applications of maraging steels include aerospace, defense, 
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biomedical, and tooling, which further enhance the appeal of LPBF since the reduction in 

weight and freedom in design are critical parameters to such industries [49]. 

2.5.1.1 Heat treatment strategies 

A standard heat treatment strategy applicable to maraging steels consists of a solution heat 

treatment followed by an aging heat treatment. Solution heat treatment involves exposure 

to high temperatures to relieve internal stress, redistribute alloying elements, and achieve 

a homogenous structure. On the other hand, aging heat treatment allows the reaction of 

specific alloying elements at a lower temperature to produce precipitates. The specific 

particles formed can then enhance the material strength by blocking crack movement. A 

typical heat treatment schedule for maraging steel involves solution treatment at 840 °C 

for 1 h and aging treatment at 480 °C for 6 h [45,50]. Aging treatment is usually performed 

between 450-600 °C since ordered and coherent precipitates form at temperatures below 

450 °C [51]. Surface techniques such as nitriding, nitrocarburizing, boriding, plasma 

nitriding and carburizing can also improve the usable duration of maraging steels, 

especially when applied to plastic injection molds that require wear and corrosion 

resistance [6]. 

As-printed maraging steel samples typically exhibit overlapping coarse martensite plates 

with some retained austenite depending on the printing parameters such as the laser 

scanning direction, layer thickness, scan speed, hatch space, etc. Sufficient energy should 

be delivered to fully melt the maraging steel powder and fabricate fully dense parts [51]. 

On the other hand, samples after solution heat treatment contain a lath martensitic matrix 

without the solidification melt tracks [45]. Samples after solution and aging treatment also 

show refined acicular martensite microstructures without the subsequent laser tracks. 
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Nucleation and growth of precipitates typically occur during aging treatment, including the 

growth of intrinsically formed precipitates. Intermetallics that can potentially precipitate 

after age hardening and improve the mechanical properties of maraging steels were 

enumerated at [50] as η-Ni3Ti, Fe2Mo, Ni3Mo, Ni3Al, NiAl, Ni3(Al, Ti), Ni3(Ti, Mo), and 

Ni(Al, Fe). Atom Probe Tomography observations in the onset stages of aging show early 

clustering of Ti atoms [46]. Ni3Ti is typically the first to nucleate during aging and could 

also act as nucleation sites for subsequent Ni3Al and Ni3Mo precipitation. Further aging 

can lead to formation of Fe2Mo precipitates [50]. Significant austenite reversion occurs 

above 490 °C, where the cellular boundaries start to blur and austenite volume fraction 

increases. 

Normally, the unique microstructure of LPBF fabricated parts allows direct aging without 

the need for a solution treatment, which is not the case for conventionally produced 

maraging steel parts [46]. However, the starting microstructure can usually be a non-

homogenous martensitic matrix due to significant amount of austenite reversion during 

printing. Investigations also show additional martensite to austenite formation during aging 

[51]. Retained austenite forms when fast cooling rates prevent the transformation of solute-

rich austenite from the austenite finish to the ambient temperature, while the solute 

depleted austenite becomes martensite [52]. Accordingly, solution treatment ensures that 

the resulting microstructure after aging treatment is completely martensitic.  

2.5.1.2 Austenite reversion 

If the aging treatment is extended beyond the recommended duration, over-aging can cause 

martensite decomposition and eventual reversion to austenite, resulting to deterioration of 

strength in the material. Dissolution of the metastable intermetallics that precipitated first 
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(Ni3Mo and Ni3Ti) is expected. Second stage precipitation of primarily Fe2Mo and Fe7Mo6 

occurs, which results to iron depletion and eventually Ni concentration [52]. Such solute 

interaction results to austenite reversion, which when combined with gradual precipitate 

coarsening or over-aging, results to a reduction of the mechanical strength. Higher 

temperatures augment the diffusion of solute elements, while lower temperatures allow 

suppression of austenite reversion and control of precipitate nucleation and growth. 

However, lowering the temperature can be economically restrictive as a significantly 

longer aging time is needed to attain peak strength from intermetallic precipitation. 

Furthermore, the decrease in strength due to austenite reversion is not always detrimental, 

as a compensation in ductility, toughness, and strain hardening can be achieved by 

transformation-induced plasticity or TRIP effect [53]. Interestingly, microstructural 

refinement can be promoted after isothermal treatments between 610-690 °C due to 

formation of intragranular austenite morphologies that are stable after cooling to room 

temperature. Austenite reversion can also increase grain boundaries that block movement 

of dislocations, leading to increased toughness of the heat-treated part. 

2.5.2 Alloy choice 2: CoCrMo alloy 

The interaction of high-power laser and incremental powder addition during L-PBF AM 

creates a cellular microstructure that enhances functional performance, which enables its 

use in a variety of sectors, e.g., biomedical, thermal, automotive, and structural. Examples 

of common AM materials include corrosion-resistant alloys such as stainless steel, 

titanium, nickel, and CoCr [54–56]. CoCr alloys, in particular, are commonly employed in 

mechanical contact applications such as aircraft engines, thermal barrier coatings, artificial 

joints, and surgical implants, due to their balanced mechanical properties, self-polishing 
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ability, biocompatibility, and resistance to corrosion and wear [57–59]. However, 

traditional methods of manufacturing CoCr alloy components, such as casting and powder 

metallurgy, suffer from the high costs associated with the design and manufacturing of the 

dies and the difficulties to rapidly change the designs. Additionally, the high hardness and 

wear resistance of these alloys make machining very challenging. CoCr alloys have also 

conventionally relied on long aging conditions of up to 10 hours to achieve phase 

transformation and discontinuous precipitation [58,60]. In contrast, the transformation 

mechanism of AM structures features solute segregation along cellular boundaries, 

enabling fast saturation and linear interface-controlled growth through thermally activated 

jumps across incoherent interphase interfaces with very short incubation times of 

approximately 0.25-0.5 hours [61]. 

The mechanical properties of Co-based alloys are largely influenced by the interaction of 

the microstructural elements, including twin structures, stacking faults, lattice dislocations, 

precipitates, and multi-phase boundaries. With the addition of a hierarchical structure and 

segregated alloying elements, the heat treatment of AM alloys triggers intricate 

transformation phenomena that require detailed study. The metastable γ-fcc phase of this 

alloy can be converted into a harder, more wear-resistant ε-phase (hcp) through a number 

of ways: athermal transformation by rapid quenching [62], low-temperature isothermal 

annealing [60], deformation-induced displacive mechanism [63], or short-range diffusion 

via massive transformation [64]. A solution heat treatment step above the fcc-hcp 

transformation temperature is usually first performed to recover the ductility, release the 

internal stresses, redistribute the alloying elements, dissolve the precipitates, and achieve 

a homogenous structure. A prolonged exposure to 1150 °C for 6 hours has been proven 
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successful in reducing residual stresses and eliminating anisotropic behavior for CoCrMo 

alloys produced using L-PBF, resulting in a fully recrystallized structure with equiaxed 

grains [65]. Various microstructural features, including low-energy coherent twins, solute 

clusters, grain boundaries, and ultrafine dendrites, can then serve as ε-phase embryos under 

specific heat treatment conditions. The subsequent growth is controlled by the local 

dislocations and the systematic arrangement of Shockley partials, as the transformation 

takes place by faulting along the fcc's most densely packed planes [66,67]. The nucleated 

ε-phase also displays the Shoji-Nishiyama orientation relationship [68] with the 

surrounding γ-phase grains and manifests as dense parallel bands that can eventually 

thicken and form complete grains. 

The initial composition of the alloy also significantly influences the formation of the 

precipitates, their morphology, and the transformation kinetics under various heat 

treatment conditions. Carbon as a γ-phase stabilizing element, determines the presence of 

carbides, mitigates the precipitation of the σ-phase, and controls the extent of massive 

transformation [61]. The addition of Mo inhibits the precipitation of Cr-rich carbides and 

preserves the alloy's corrosion resistance [69]. Nitrogen inhibits the athermal martensitic 

transformation, and favors the creation of nanoscale Cr2N precipitates within the γ matrix 

[70].  In traditional CoCrMo alloys, carbides tend to nucleate along intrinsic stacking faults 

and grain boundaries, increasing in percentage during aging conditions through growth 

along dislocations and forming lamellar structures [71]. However, in AM structures, cell 

boundaries have been observed as potential nucleation sites for carbides [72], Some 

researchers even reported needle-like morphologies [65] due to solute segregation along 

the heavily dislocated cell walls. Past studies have also reported the formation of σ-phase 
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in similar alloys with low carbon [73], embrittlement caused by M6C and σ-phase [74], 

presence of low Cr laves phase [75], Si-enriched precipitates [76]  and discontinuous 

precipitation of σ and M23C6 [77]. 
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Background 

The rise of additive manufacturing is taking a fascinating turn with the exploration of multi-

material structures, particularly on how these materials blend at thin boundaries. The 

unique ways in which elements from different powders distribute and segregate themselves 

during 3D printing mean that when combining two different, but complementary, alloys, 

the process of how they solidify together at their joining points will be remarkably 

complex. This complexity allows the creation of new kinds of components that not only fit 

together surprisingly well but also exhibit desirable characteristics for end-products with 

multiple applications. 

Moreover, after these multi-material components are printed, there's a crucial step of heat 

treatment to ensure the interfaces between different phases remain stable, thereby 

achieving the desired characteristics across the entire structure. This chapter investigates 

the effects of applying combined heat treatments—namely solution treatment and aging—

in a newly made combination of 18Ni(300) maraging steel and CoCrMo alloy, all through 

laser powder bed fusion. Some of the novel concepts presented in this chapter are: 

 No previous studies have utilized a single printing strategy to fabricate a maraging 

steel and CoCrMo alloy combination, and there have only been a few works 

exploring multi-material printing using laser powder bed fusion. 

 Even less is known about how heat treatment influences the overall properties of 

additively manufactured multi-material components, particularly one with alloys 

that require different temperatures for phase transformation. 
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 Following the printing of these composite components, an uncommon pattern of 

martensitic transformation for maraging steel occurs at the interface. This chapter 

presents thermodynamic simulations that aim to explain the transformation history 

of the observed interfacial microstructure. 

 This chapter reveals how to achieve microstructural stability with a targeted 

solution and aging heat treatment, interpreting the changes based on microstructure, 

phase boundary orientation relationships, composition distribution and material 

properties obtained along the interface. 
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Abstract  

The high strength and hardness of maraging steel can be functionally integrated with the 

thermal stability and toughness of CoCrMo alloy through multi-material additive 

manufacturing via laser powder bed fusion. However, appropriate heat treatment is 

necessary to stabilize the multi-phase interface after printing and achieve desired material 

properties. In the present study, we investigate the effects of solution and aging heat 

treatment on the interface characteristics and mechanical properties of maraging steel-

CoCrMo multi-material components. The results reveal that a discontinuous martensitic 

transformation occurs in the interface after printing due to the combined effects of solute 

segregation, local stress distribution, and intermixed cellular growth. In contrast, consistent 

parallel martensite laths were observed after heat treatment due to the homogenized 

alloying element distribution, extensive residual stress relief and stable interface structure. 

Furthermore, the mechanical testing results revealed that the tensile strength of the 

maraging steel-CoCrMo alloy was maintained at about 1185 ± 18 MPa before and after 

heat treatment, complemented by an increase in elongation from 14.7 ± 1.3 % to 27.1 ± 2.1 

%. The microstructure and mechanical properties obtained are then correlated based on 

phase boundary orientation relationships and simulated martensite start temperatures in 

different regions along the interface. Based on overall results, it can be concluded that the 

CoCrMo alloy forms a compatible interface with maraging steel. Heat treatment can still 

be performed to improve the strength of maraging steel by precipitation strengthening 

without compromising the strength of CoCrMo alloy and the interface. 
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3.1 Introduction  

Designing hybrid components with spatially varying compositions and distributed 

functional properties is now possible through multi-material additive manufacturing (AM). 

Innovative techniques such as layer path planning [1], brittle phase prevention through 

machine learning [2], and molten pool multi-physics modelling [3] can lead to efficient 

and cost-effective end-use parts. Laser-based powder bed fusion (L-PBF) is one of the 

metal AM technologies that applies a laser system to selectively melt and bond successive 

layers of feed powder based on a sliced computer-aided design (CAD) model of the desired 

final product [4]. Process modifications on feed delivery systems [5] and recycling 

mechanisms [6] are being developed to utilize L-PBF in the fabrication of multi-material 

parts.  

The current study is focused on incorporating the material combination of iron-based 

maraging steel and cobalt-based CoCrMo alloy to provide an optimal balance of resistance 

to deformation, fracture, and heat, which are critical properties in many engineering 

applications. Maraging steels (MS1 in powder form) are a class of precipitation-

strengthened steels with considerable nickel alloying in a carbon-free martensite matrix. 

By selectively using the more expensive CoCrMo alloy only where its unique properties 

(e.g., thermal stability) are needed, and using the generally cheaper maraging steel 

elsewhere, it could be possible to optimize cost efficiency in production. Maraging steels 

are commonly adopted due to their high strength, high fracture toughness, sound 

dimensional stability, and good resistance to cracking during AM [7]. The strengthening 

mechanism relies on the formation of Fe, Ti, Ni, Al, and Mo intermetallic compounds after 

aging heat treatment [8], and the lack of interstitial elements also results in excellent 
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weldability of the maraging steel powder [9]. Maraging steels are extensively used in 

specialty vehicles, military, aerospace, and tooling applications which further enhance the 

appeal of L-PBF since the reduction in weight and freedom in design are critical parameters 

to such industries [10]. In the same way, CoCrMo alloys also offer a good combination of 

mechanical properties, wear resistance, and biocompatibility that is useful in the medical, 

aerospace, and gas turbine hardware industries [11]. Common components manufactured 

using CoCrMo alloys include orthopedic implants, prostheses, fuel nozzles, and aircraft 

engines [12,13]. Several studies have also explored the feasibility of using CoCrMo alloys 

as a functionally-graded surface coating for a Ti–6Al–4V substrate [14], an Inconel 718 

substrate [5], and a 316L stainless steel laser-clad joint [15] using other deposition 

methods.  

After the fabrication of MMAM structures, these final components generally undergo heat 

treatment procedures. The post-processing stage is crucial for modulating specific 

characteristics such as homogenization of the microstructure, relief of internal stresses, 

enhancement of mechanical properties, reduction of porosity, and control of phase 

distribution. However, implementing conventional heat treatment strategies will not 

necessarily translate to identical mechanical properties in MMAM components due to the 

inherent heterogeneous structure developed by the solidification process. Furthermore, 

managing the final property of each alloy in a multi-material component after heat 

treatment introduces another strategic obstacle since each composition can react differently 

to every processing step applied. For maraging steels, the influence of multiple factors such 

as printing parameters [16], build orientation [17], solution heat treatment [9], age-

hardening precipitates [18], and reverted austenite transformation [19] to the resulting 
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mechanical properties have been investigated. Similarly, Roudnicka et al. [20]  identified 

that current research in CoCrMo alloys has primarily focused on either optimizing the print 

settings [21], determining the mechanical properties [22], or examining the effects of heat 

treatment [23]. 

Due to the need to explore the potential applications of multi-material additive 

manufacturing, the present work employs two different powders (maraging steel and 

CoCrMo alloy) to fabricate a multi-material component through the L-PBF process. The 

primary goal of combining the desirable mechanical attributes of these materials is for 

applications in tooling and mold-making. Dies, cutting tools, and mold machinery undergo 

heavy usage and must endure high temperatures while maintaining toughness. Following 

successful heat treatment, these materials can further meet specific mechanical standards, 

extending their potential use. They can be utilized in the automotive sector for crafting 

high-performance transmission and engine components which require durability and 

stress-resistance, or defense components such as artillery systems that can benefit from 

increased resilience and longevity under harsh operational conditions. The continuous 

printing of this material combination using L-PBF has not been explored by other 

researchers, but the two alloys exhibit similar properties and good mutual solubility. A 

preliminary study was also performed by the present authors [24]; however, the integrity 

of the interface and the effect of heat treatment are not yet established. Studies that explore 

the overall effect of heat treatment on multi-material AM structures are also limited. 

Therefore, due to the shortcomings of the available literature, the scope of the current work 

is to establish the characteristic microstructure, microhardness, chemical distribution, 

mechanical properties, and fracture surfaces of the interface section of the multi-material 
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system. The underlying mechanism during solidification will then be investigated and 

compared to the features observed after heat treatment. The overall compatibility of the 

heat-treatment strategy to the multi-material combination is assessed. 

3.2 Materials and Methods 

3.2.1 Material 

The multi-material AM structure under investigation was procured from voestalpine 

Additive Manufacturing Center Ltd. (vAMC) based in Mississauga, Ontario, Canada. The 

AM structure was derived from gas atomized MS1 (maraging steel) and MP1 (CoCrMo 

alloy) powders, each having a particle size ranging from 15 to 70 μm. The L-PBF process 

was performed with an EOS M290 machine. The powders' chemical composition was 

verified through Inductively Coupled Plasma - Optical Emission Spectroscopy (ICP-OES) 

for bulk analysis of the major and minor alloying elements, and the results are presented in 

Table 3.1. The fabrication process for the multi-material component, as depicted in Figure 

3.1. a, involves initially loading equal volumes of MS1 and MP1 into the feed delivery 

system. As the powder recoater dispenses the first layers, the MP1 powder is deposited and 

subsequently melted. Once the predetermined volume for MP1 is reached, the feed powder 

is switched to MS1, maintaining consistent printing conditions throughout. This procedure 

results in the final component consisting of equal volumes of both alloys. The laser power 

was consistently held between 280-300 W, and the laser speed was fixed at 1100 mm/s. 

The chosen hatching style was a zigzag stripe pattern with a 50° rotation in each subsequent 

layer, with the target layer thickness set to 50 µm. The hatch distance was sustained 

between 0.09 and 0.11 mm. These conditions were preserved as the feed powder was 

switched from MP1 to MS1 (see Figure 3.1. b and Figure 3.1. c). To mitigate oxidation, 
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the entire manufacturing process was conducted under an argon atmosphere. High 

precision cutting techniques were employed to generate representative cubic specimens 

with 10 mm sides and cylindrical specimens with diameters and lengths of 4 mm and 16 

mm, respectively. All specimens should contain the MS1-MP1 interface in the middle. 

Table 3.1. Composition analysis of base alloys (in wt. %)  

 

 

 

Powder Fe Ni Co Cr Mo C Si Mn Ti 

MS1 66.27 17.9 9.4 - 4.8 0.03 0.15 0.15 1.3 
MP1 0.6 0.1 60.44 29.7 7.2 0.16 0.7 1.1 - 

Figure 3.1. The figure illustrates key phases in the multi-material L-PBF process: (a) Initial 
stacking of MS1 (maraging steel) powder over MP1 (CoCrMo alloy) powder, (b) 
Successive layers of MS1 material are solidified under laser interaction, (c) As the 
procedure progresses, the fused material transitions to MP1, and finally (d) The desired 
configuration of the dual-metal MP1-MS1 structure is achieved. 
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3.2.2 Heat Treatment 

The dual-metal component underwent combined solution and aging heat treatments in a 

vacuum tube furnace, maintaining a pressure of 10− 5 bar. Drawing on differential scanning 

calorimetry results from [25], an endothermic peak at 1139 °C  linked to precipitate 

dissolution was identified for the CoCrMo alloy. Consequently, the samples were subjected 

to solution annealing at 1147 °C for 6 hours, with a heating rate of 2 °C/s. The step was 

designed for an overall reduction of residual stresses present after printing and a slight 

recovery of ductility in CoCrMo, while also acting as a solution heat treatment at a slightly 

higher temperature for maraging steel. Following this, the samples undergo an aging heat 

treatment, which involves subjecting them to a temperature of 490 °C for a duration of 6 

hours at an equivalent rate of heating and cooling. According to supplier specifications and 

other studies [26,27], a 6-hour duration suffices for maraging steel precipitate formation. 

This treatment is likely to have a minimal impact on the CoCrMo region since the γ- ε 

phase transformation typically occurs post-isothermal heat treatment at 700 – 950 °C [28]. 

The samples were then quenched using compressed nitrogen gas with 5-6 bar to room 

temperature after each condition. 

3.2.3 Materials Characterization 

To examine the effects of heat treatment on the L-PBF samples, microstructural changes 

were observed using optical (OM) and scanning electron (SEM) microscopes. Samples that 

include the interface were sectioned parallel to the building direction and processed 

through a series of mechanical grinding and polishing operations. The relative density of 

the dual-metal component was measured from 10 micrographs across the interface using a 

Zeta Instruments optical microscope. This analysis included 4 images captured at a lower 
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magnification of 50x, covering an observation area of 1.2 x 0.9 mm, and 6 images obtained 

at a higher magnification of 200x, covering an observation area of 0.3 x 0.25 mm. The 

selected sections were randomly chosen and spaced at least 1 mm apart. Afterwards, the 

ImageJ software was employed, utilizing the threshold function to measure the percentage 

area of porosity in the micrographs.  

To reveal the microstructure in the maraging steel region, as-built and heat-treated samples 

were electrochemically etched using an ammonium persulfate solution at 6 V for 10 s. For 

the CoCrMo region, as-built samples were electrochemically etched in a 10% H2SO4 and 

CH3OH solution at 6V for 25 s at room temperature. For heat-treated samples, 

electrochemical etching in 9% HCl was applied at 4 V for 10 s [29]. Cellular and 

martensitic structures were captured using a JEOL JSM-6010/LA SEM equipped with an 

energy dispersive spectrometer analyzer. To determine the distribution of phases and the 

crystallographic orientation, EBSD samples were further prepared using a 0.02 μm silica 

solution in a Buehler vibratory polisher for a day. Electron Backscatter Diffraction (EBSD) 

analysis was implemented using a ThermoFisher Scios 2 SEM equipped with an EBSD 

detector. To establish the relationship between texture information and the dispersion of 

alloying elements in both base alloys along the interface, diffraction data was collected, 

and an energy dispersive spectrometer analyzer was used simultaneously. This analysis 

was conducted for both as-printed and heat-treated samples. Primary EBSD maps were 

processed using HKL Channel5 software, while additional images associated with the EDS 

maps, Kernel Average Misorientation (KAM) maps of non-fcc grains, and parent grain 

reconstruction maps were generated using Aztec Crystal software. The XRD spectra from 

both as-printed and heat-treated samples in the CoCrMo region were also characterized and 
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obtained using a Bruker D8 advance spectrometer with Cu Kα radiation. Results were 

obtained perpendicular to the building direction, applying 40 kV at 30 mA with a step size 

of 0.02° and scanning time of 1s. The proportions of γ and ε phases were calculated based 

on the {1011}ε  and {200}γ XRD peaks, located in 46-48° and 51-53°, respectively, 

following the methodology suggested by Sage and Guillaud [30]: 

%փվ֋ =
𝐼փվ֋

φЈφφ

1.5 ∗ 𝐼ցվվ
ϵЈЈ + 𝐼փվ֋

φЈφφ
 

 [1] 

Where %փվ֋ represents the percentage of the ε-phase and 𝐼  denote the integrated intensities 

under the relevant XRD peaks. To depict the changes in mechanical properties with focus 

on the strength of interface, uniaxial tensile tests and microhardness measurements were 

performed on as-built and heat-treated samples. Nanoindentation measurements were taken 

using an iMicro KLA nano-indenter with a target load of 1 N and depth of 5000 nm. 

Microhardness line profiles were repeated at least 3 times for both conditions following a 

50 µm indent spacing (d/h = 10). Cylindrical tensile coupons with a 16 mm gauge length 

and 4 mm diameter were also prepared, ensuring that the interface was in the middle. 

Tensile testing was performed according to ASTM-E8 specifications using an Instron 1332 

machine with a 50 kN load cell. Three tensile coupons were tested for both conditions at a 

strain rate of 0.005 s-1.  

3.3 Results 

3.3.1 Microstructural investigation 

The representative microstructure for each section of the MS1/MP1 (maraging steel-

CoCrMo alloy) dual-metal structure is presented in Figure 3.2. The interface displayed 

strong metallurgical bonding across multiple layers by having a consistent relative density 
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of 99.88 ± .04 %, compared to 99.87 ± .03 % in the maraging steel region and 99.7 ± .05 

% in the CoCrMo region. Although the arranged parameters are primarily optimized for 

printing MS1 powder, process defects were minimal throughout the material due to the 

remarkable similarity between the alloy properties (such as melting point, density, and 

thermal coefficient [11,31]). Adequate melt pool penetration and layer overlap combined 

with good virgin feedstock flowability also helped in avoiding key-hole defects and lack-

of-fusion defects. 

Metallographic sections were taken parallel to the building direction for all relevant 

regions. A similar melt pool size can be observed for both alloy regions since deposition 

was continuously performed with the arranged printing conditions. The high energy input 

(300 W) generated melt tracks that have comparable widths of 145-190 μm for CoCrMo 

and 150-200 μm for maraging steel. The average melt pool depth is 54 ± 3 μm in the 

CoCrMo region and 52 ± 5 μm in the maraging steel region. The melt pool characteristics 

remain consistent in the interface, as shown in Figure 3.2b. Since a maraging steel etchant 

is used in Figure 3.2b and CoCrMo has a higher corrosion resistance, some of the melt 

pools in the CoCrMo region and in the interface appear hazy. Nevertheless, adjacent melt 

tracks of CoCrMo and maraging steel exhibit good melt pool overlap and bonding. 

At higher magnifications, the formation of well-known cellular structures can be observed 

in all regions, as shown in Figure 3.2d-f and the EDS analysis in Figure 3.4a-4b. The 

CoCrMo alloy section exhibited a mixture of column and cell boundaries with an average 

cell size of ∼ 0.7 ± 0.2 μm shown in Figure 3.2d and Figure 3.4a. The melt pool cores 

exhibit fine honeycombed-shaped cells that propagate in different directions, generating 

competitive growth which is influenced by the melt environment [9,25]. On the other hand, 
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the maraging steel region in Figure 3.2f and Figure 3.4a exhibits a slightly finer cell 

structure having diameters of ∼ 0.5 ± 0.1 μm, but the presence of an intermixed elongated 

columnar microstructure can also be observed. A closer look reveals the independence of 

the cellular structure to the boundaries of the grains of maraging steel, shown as blue dash 

lines. Due to the heat flux direction generated by the scanning pattern, columnar cells are 

primarily formed near the melt pool boundaries. The columns can either abruptly terminate 

Figure 3.2. Low (a, b, c) and high (d, e, f) magnification microstructures of the as-built 
MMAM component: CoCrMo region near the interface (a, d), Interface region (b, e), and 
maraging steel region near the interface (c, f). 
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within the melt pool boundaries or extend their growth across the melt tracks. Based on the 

interface microstructure shown in Figure 3.2e, the fine maraging steel cellular structure 

remains intact as the epitaxial growth of the bigger CoCrMo grains is initiated. The 

solidification of CoCrMo generates columns that follow the building direction and appear 

to be immiscible to maraging steel, resulting in the independent formation of the grain 

boundaries and cell structures as the melt pool solidifies.  

The applied heat treatment generated distinct microstructural changes to each region of the 

dual-metal structure, as presented in Figure 3.3. In the CoCrMo region shown in Figure 

3.3a, traces of previous melt tracks and the associated cellular microstructure cannot be 

detected. Elongated columnar structures were replaced with larger, equiaxed grains that 

contain annealing twins. Changes can also be observed in the maraging steel region shown 

in Figure 3.3c, which contains a fully block martensitic microstructure devoid of any 

previous cellular structures and melt pool boundaries. Multiple packet-block-lath regions 

that span across random directions shown in Figure 3.3f emulate the hierarchical martensite 

microstructure typically present in conventionally-produced maraging steels [32]. 

However, the martensite laths situated near the interface seem to arrange themselves either 

parallel or at a 45° angle with respect to the build direction, as shown in Figure 3.3b, and 

Figure 3.3e, respectively. Further validation of the lath orientation will be provided through 

EBSD results. Similarly, the columnar regions within the material have aligned with the 

build direction and have remained intact even after the homogenization process, showing 

the influence of epitaxial growth to the resulting interface phase transformation.  

EDS analysis was also performed in both alloys before and after heat treatment, and the 

results are shown in Table 3.2 for CoCrMo and Table 3.3 for maraging steel. SEM images 
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showing the location of each point measurement taken for EDS analysis are also presented 

in Figure 3.4. A minimum of 4 measurements were taken, and the results were grouped 

according to the distinct feature of the region where the data point was evaluated.    

Figure 3.3. Low (a, b, c) and high (d, e, f) magnification microstructures of the heat-treated 
MMAM component: CoCrMo region near the interface (a, d), Interface region (b, e), and 
maraging steel region near the interface (c, f). 
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Table 3.2. EDS point analysis results for major alloying elements in the CoCrMo region 

  Chemical Composition (in wt. %) 
  Co Cr Mo Trace (Fe, Ni, C, Si, Mn) 

CoCrMo As-built (a) 
   

 

Cell Matrix (A1-A7) 61.1 ± .3 30.4 ± .1 6.4 ± .3 2.1 ± .4 

Cell boundary (A8-A14) 60.7 ± .6 29.5 ± .4 7.3 ± .3 2.5 ± .5 

Heat-treated (c)  
   

 

Twin regions (C1-C4) 58.7 ± .5 30.4 ± .4 8.3 ± .5 2.6 ± .3 

Matrix (C5-C8) 59.8 ± .1 29.9 ± .3 8.3 ± .4 2.0 ± .3 

 
Table 3.3. EDS point analysis results for major alloying elements in maraging steel  

  Chemical Composition (in wt. %) 

  
Fe Ni Co Mo Ti 

Trace (C, 
Si, Mn) 

Maraging  As-built (c) 
    

  

Cell boundary (B1-B7) 62.8 ± .2 17.6 ± .3 9.1 ± .1 6.5 ± .1 1.6 ± .3 2.4 ± .2 

Cell Matrix (B8-B14) 65.8 ± .2 17.9 ± .1 9.4 ± .1 5.2 ± .1 1.1 ± .2 0.6 ± .1 

Heat-treated ( d) 
    

  

lath boundary (D1-D4) 62.1 ± .1 17.1 ± .1 8.7 ± .1 5.2 ± .3 1.1 ± .1 5.8 ± .2 

Matrix (D5-D8) 61.9 ± .3 17.2 ± .1 8.7 ± .2 5.3 ± .1 1.2 ± .2 5.7 ± .2 

After printing, the CoCrMo matrix is saturated by Co and Cr, while other alloying elements 

such as Mo have a slightly higher concentration in the cell boundaries. There is little 

chemical compositional difference detected between the twinning regions and the matrix 

of the heat-treated samples, which is the goal when applying solution heat treatment. 

Cellular boundaries dissolved and caused overall chemical homogenization in the cobalt 

matrix. Similarly, the maraging steel region exhibits a slightly higher concentration of Mo 

and Ti in the cell boundaries compared to the matrix, which is also attributed to the thermal 

conditions during printing. The subsequent solution heat treatment temperature removed 

the elemental segregation and produced a homogenous matrix. The aging step is expected 

to only modify the martensite morphology along with the formation of fine precipitates, 



 

57 

but the magnifications necessary to examine such particles were unattainable using SEM 

or EBSD [9,33].  

3.3.2 Texture Analysis  

The orientation of grains, distribution of phases, and kernel average misorientation (KAM) 

map along the interface of the as-printed sample are presented in Figure 3.5. Based on the 

order of printing, the upper region represents the CoCrMo region, while the lower side 

represents the maraging steel region. Starting with the maraging steel region at the bottom, 

the IPF color map in Figure 3.5a shows fine, inconsistent, martensitic subgrains with an 

average size of 9.9 ± 5.1 μm.  The phase map in Figure 3.5b shows a dominant bcc 

(martensite) phase, oriented primarily along the <111> // BD, with only ∼1.5% austenite 

Figure 3.4. EDS point analysis of representative samples: As-built (a) CoCrMo and (b) 
maraging steel, Heat-treated (c) CoCrMo and (d) maraging steel. 
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that appears to be finer than the chosen step size (1.5 μm). The KAM map in Figure 3.5c 

also shows that most bcc subgrains exhibit high KAM values (KAM > 3°) that indicate the 

presence of strain accumulation and formation of dislocation walls [34]. As the powder 

was switched to the CoCrMo alloy, the disordered effects of the maraging steel texture and 

cellular microstructure on the melt solidification can be observed. Due to the combined 

effects of solute segregation, the stirring effect of Bénard-Marangoni convection [35], and 

accumulated strain, a diverse interface can be observed. Martensite forms after 

solidification of a uniform fcc matrix (fcc γ-cobalt and fcc austenite), but the 

transformation is non-uniform. Some fcc phase islands remain in the same phase and 

follow the curved shape of the melt pool. The complex phenomena that govern the interface 

Figure 3.5. Analysis of as-printed interface region before heat treatment: (a) Inverse pole 
figure color map, (b) phase map showing fcc, hcp, and bcc structures, (c) Kernel average 
misorientation maps, (d) corresponding legends for a-c, (e) IPF representation of fcc grains, 
and (f) IPF representation of bcc grains. 
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based on boundary orientation and alloying element distribution will be discussed later in 

detail. 

As more layers of CoCrMo are introduced, the dilution of maraging steel becomes 

negligible, and the melt pool solidifies to a homogenous fcc γ-cobalt phase. The change in 

texture is evident from the maraging steel to CoCrMo region in the IPF map. However, 

instead of a strong columnar fiber texture primarily along the <100> // BD, which is aligned 

with the thermal gradient direction during printing, some columnar grains exhibit an 

orientation along the <110> // BD. This appears to be the influence of the previous fcc 

fibers that followed growth along the austenite grains. The epitaxial growth that occurred 

in the previous layers allowed heterogeneous nucleation of columnar grains in different 

orientations. The results also show that the average grain size in the CoCrMo region is 98 

± 7.1 μm with a high-aspect ratio of 6.9. Although the phase map shows 99.9 % fcc 

structure, XRD measurements shown in Figure 3.6 confirmed the presence of ∼4 % hcp ε-

phase within the fcc fibers. BSE images in Figure 3.7 also show multiple groups of parallel 

bands that exist in the cellular microstructure of the CoCrMo region. Previous studies 

Figure 3.6. Comparison of XRD spectra obtained from the (a) CoCrMo region and (b) 
maraging steel region of the as printed and heat-treated samples. 



 

60 

[36,37] have shown that these bands are ε-phase striations that manifest at high quench 

rates (such as in 3D printing) since the transition from γ to ε can be readily achieved through 

the displacement of a/6 <112> Shockley partial dislocations along alternate {111} densely 

packed planes [38,39].  The KAM map also illustrates a lamellar distribution of the 

misorientations within the fcc grains, which is associated with the stresses experienced 

during repeated heating and cooling cycles throughout fabrication. Higher resolution 

EBSD analysis was performed in the CoCrMo region, as shown in Figure 3.8, with a step 

size of 0.2 µm. The band contrast map in Figure 3.8b also confirms the presence of ε-phase 

bands. In addition, the KAM map in Figure 3.8c shows the formation of lamellar strain 

regions around ε-phase bands which is a characteristic feature of the martensitic γ-ε 

transformation resulting from the rapid solidification rates involved in AM [28,37]. Other 

studies have compared this result to TEM observations and confirmed the presence of fine 

hcp needles for up to about 30 % of the total phase content [20,40,41].  

Figure 3.7. BSE images of the CoCrMo region shown in Figure 3.1d. The regions 
highlighted in red exhibit distinctive parallel bands, which are indicative of the formation 
of ε-phase. These bands are formed because of the rapid solidification during the LPBF 
process. 
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The EBSD analysis results after the applied solution and aging heat treatment are presented 

in Figure 3.9. The maraging steel region exhibited significant growth of martensite laths 

because of the prolonged solution heat treatment. This growth resulted in a larger block 

size compared to the as-built structures, measuring approximately 17 ± 8 microns. The 

hierarchical structure attributed to conventional maraging steels can be observed, and the 

consistency of the block sizes between packets can be readily observed. A longer solution 

heat treatment duration was used to accommodate the CoCrMo alloy. Although groups of 

blocks oriented in the <100> // BD and <111> // BD can be observed, the martensite regions 

appear to be equiaxed and have no preferred orientation. Virtually no traces of retained 

austenite remained after heat treatment since alloying elements were evenly distributed 

[33]. The KAM map in Figure 3.9c also shows that most of the boundaries have low KAM 

values, indicating sufficient stress relief that accumulated during printing and after the 

aging heat treatment.  

Figure 3.8. High resolution EBSD analysis of the CoCrMo region: (a) Phase map showing 
100 % FCC phase, (b) band contrast maps that clearly depict the existence of fine parallel 
bands corresponding to the ε-phase, and (c) KAM maps that highlight localized strain 
regions formed during the martensitic transformation. 
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The change in texture along the interface region after heat treatment can further be analyzed 

from the EBSD maps, and the results agree with the microstructural investigation. Closer 

to the maraging steel region, directional growth of martensite resulted in parallel laths that 

are oriented along the <111> // BD. On the other hand, the martensite grains closer to the 

CoCrMo region appear as extremely fine subgrains that are exclusively in the <100> // BD. 

Both regions still exhibit a homogenous bcc phase, but the extent of martensite lath growth 

differs. This will be related to the solute distribution, to be discussed later in detail. 

Figure 3.9. EBSD Analysis of MMAM component after heat treatment: (a) Inverse pole 
figure color map, (b) phase map showing fcc, hcp, and bcc structures, (c) Kernel average 
misorientation maps, (d) corresponding legends for a-c, (e) IPF representation of fcc grains, 
and (f) IPF representation of bcc grains. 
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The effect of heat treatment is also evident in the CoCrMo region, showing the 

disappearance of highly textured fiber structures into massive equiaxed γ-phase grains. A 

complete fcc phase was also obtained from the XRD spectra. The relief of residual stresses 

can be assumed based on the very low internal misorientation values depicted in the 

corresponding KAM map. No preferential texture was observed. The extended solution 

heat treatment duration also resulted in uniform grains, since the average grain size 

changed to ∼35.2 ± 2.7 µm, and the aspect ratio decreased to 2.8. This suggests that static 

recrystallization occurred using the driving force of residual stresses present in the fibers 

[21,23].  

3.3.3 Chemical composition analysis 

To understand the effects of solute distribution on the microstructure and texture 

observations along the interface, the concentration profiles of major alloying elements (Co, 

Cr, Fe and Ni) after printing and after heat treatment are presented in Figure 3.10 and Figure 

3.11, respectively. For reference, the corresponding phase maps are included in each 

condition alongside the EDS maps.  

The upper region represents the CoCrMo region that has a high concentration of Co and 

Cr, while the lower side represents the maraging steel region with a high concentration of 

Fe and Ni. The EDS maps of the as-printed sample (shown in Figure 3.10) show extensive 

solute segregation in all regions, which agrees with the formation of cellular structures on 

both alloys. Both Fe and Co share a similar degree of inhomogeneity, but Cr and Ni still 

exhibit uneven distribution after printing. Nevertheless, a significant portion of the base 

alloys retained the same phase despite segregation of major alloying elements before 
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solidification. However, the same tendency cannot be said about the interface, which 

exhibited a mixed phase distribution upon solidification. A high segregation of Co and Cr 

solutes develops in the maraging steel region, and a corresponding reduction of Fe and Ni 

concentration can be seen in specific areas in the interface. Consequently, a fluctuating bcc 

martensite transformation occurs after the melt pool solidifies to a fully fcc phase region. 

The areas rich in Co and Cr prevent the growth of martensite subgrains, resulting in fcc 

phase islands that resemble the shape of the melt pool. As more CoCrMo layers are 

introduced and epitaxial growth continues, the melt pool then remains in fcc and the 

complex transformation terminates. 

In contrast, the subsequent heat treatment had a significant impact on the chemical 

composition distribution along the interface shown in Figure 3.11. The regions in the 

maraging steel and CoCrMo base alloys exhibit an even spread of the respective main 

Figure 3.10. Comparison of phase map (a) to EDS maps of major alloying elements along 
the interface after printing: (b) cobalt, (c) chromium, (d) iron, and (e) nickel. 
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alloying elements, which reflects the decomposition of cellular boundaries. Both regions 

also exhibit a more consistent microstructure and texture. A steep concentration gradient 

of around 300 µm is observed in the interface, and the corresponding grain size and 

orientation differences observed in Figure 3.9 can now be interpreted based on the element 

distribution. Closer to the maraging steel region, a slight dilution of the MP1 powder 

composition impedes the formation of nucleation sites for martensite transformation and 

promotes epitaxial growth. This resulted in directional growth and parallel laths that are 

Figure 3.11. Comparison of (a) phase map to EDS maps of major alloying elements along 
the interface after heat treatment: (b) cobalt, (c) chromium, (d) iron, and (e) nickel. 
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oriented along the <111> // BD direction. On the other hand, the CoCrMo region with 

scarce Fe and Ni concentrations resulted in an environment with insufficient tendency for 

martensite growth, which results in extremely fine subgrains that are exclusively in the 

<100> // BD direction. Due to the homogenous alloying distribution, a sharp bcc-fcc phase 

boundary is formed in the interface. As more layers of CoCrMo are introduced, the dilution 

of maraging steel becomes negligible, and the concentration measurements become 

equivalent to the CoCrMo powder composition. Finally, the solution heat treatment 

resulted in the formation of large fcc grains with even solute distribution in the CoCrMo 

region. 

3.3.4 Mechanical Properties 

The change in microhardness of cross-sections across the interface was obtained under both 

conditions, and the results are presented as contour plots in Figure 3.12a for the as-built 

sample, and Figure 3.12b for the heat-treated sample. The CoCrMo and maraging steel 

regions are designated to the left and to the right of the interface, respectively. The hardness 

points are presented relative to their distance from the perceived interface, which was 

identified based on the microstructure and hardness variation. The average hardness in the 

maraging steel region for the as-built sample is 402 ± 9 HV, which agrees with most of the 

results from other as-built maraging steel studies [9,42,43]. On the other hand, the CoCrMo 

region had slightly lower hardness of 348 ± 7 HV, which was also reported in other as-

built CoCrMo studies [13,29]. In general, the as-built contour plot reveals highly varied 

microhardness values, and the regions of the base materials are hard to distinguish. The 

presence of a hierarchical microstructure in both regions, combined with the accumulation 

of local thermal strains during the printing process, contributes to the diverse 
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microhardness distribution throughout the material. A transition region of 400 µm was 

detected with an average hardness of 370.8 ± 7 HV. Interestingly, despite the base alloys 

sharing a small difference in microhardness values, the microhardness measurements along 

the interface exhibited a smooth and gradual transition without any sudden peaks or 

unusually low hardness regions. This observation indirectly suggests the absence of 

precipitates or phases that significantly influence the microhardness values.  

Figure 3.12. Contour plots of microhardness values after a) L-PBF printing, and b) solution 
heat treatment and aging. 
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In contrast to the as-built results, distinct regions of the base alloys can be recognized in 

the microhardness contour plot of the heat-treated sample in Figure 3.12b. A significant 

increase in the average microhardness of the maraging steel region to 645 ± 3 HV suggests 

the occurrence of precipitation strengthening. The most notable feature in the hardness 

profiles is the sharp drop in hardness that occurs in the interface region, which has an 

average hardness value of 413 ± 18 HV. Unlike the as-built sample, indents that are closer 

to the maraging steel region have a higher average hardness than indents closer to the 

CoCrMo region. A sharp transition in the interface is observed and the CoCrMo region 

retained a slightly lower microhardness average of 340 ± 3 HV following the associated 

stress relief. Consistent with the contrast in microstructure and phase distribution after heat 

treatment, the boundaries of microhardness between both base alloys become more evident. 

Notably, regions near the interface exhibit a consistent and uniform distribution of hardness 

with minimal standard deviation. It's worth mentioning that the spatial precision of the 

Vickers tests may not be adequate to decisively discern if the decrease in hardness takes 

place abruptly at a layer or if it transpires more progressively across the area. Furthermore, 

the interfaces will not be linear due to the laser melt pool tracks during printing that 

produces scalloped edge shapes [44]. The steep interface region where the microhardness 

value changes also demonstrate the high-resolution printing capability of L-PBF.  

Figure 3.13 depicts the representative engineering stress-strain curves for the as-built and 

heat-treated dual-alloy samples, with a comparison to the tensile data of the base alloys 

(selected from 3 tests for each condition). The combined AM structure obtained a tensile 

strength of 1185 ± 18 MPa, which is between the observed tensile strengths for the 

individual maraging steel and CoCrMo alloys (1238 ± 15 MPa and 1162 ± 21, 
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respectively). The 0.2% offset yield strength of 973 ± 23 MPa leaned closer to the yield 

strength of CoCrMo (966 ± 17 MPa) rather than maraging steel (1198 ± 21 MPa), and the 

trend persisted in the observed elongation values (14.7 ± 1.3 % compared to 16.3 ± 1.1 % 

for CoCrMo and 13.03 ± 1.7 % for maraging steel). 

After heat treatment, the combined AM structure exhibited a slight decrease in yield 

strength to 704 ± 16 MPa but maintained the tensile strength to 1164 ± 18 MPa. While the 

CoCrMo sample also maintained the tensile strength to 1148 ± 13 MPa, a considerable 

increase to the tensile strength of maraging steel was observed (2019 ± 15 MPa). The 

sustained UTS values indicates that the joining properties remained intact, despite the 

Figure 3.13. Comparison of engineering stress-strain curves for base alloys and the dual 
component. Solid lines represent as-built specimens, while dashed lines indicate heat-
treated specimens. Maraging steel samples are denoted in blue, CoCrMo samples in red, 
and dual-component samples are highlighted in black. 
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precipitation strengthening in maraging steel (decreasing ductility) and stress relief in 

CoCrMo (slightly lowers strength). The heat-treated dual-alloy sample also showcased an 

improved elongation of 27.1 ± 2.1 %, mirroring the dramatic increase in ductility of the 

CoCrMo sample to 40.7 ± 2.6 %. Despite its increased tensile strength, the maraging steel 

sample experienced a notable decrease in ductility to 8.3 ± 1.4 %. 

The fractured surfaces of the as-built and heat-treated specimens observed via SEM are 

displayed in Figure 3.14. All micrographs were captured parallel to the building direction, 

focusing on the CoCrMo section. Figure 3.14a-b display the fracture surface of the as-built 

sample, marked by a mix of morphologies that include dimples, voids, and cleavage facets. 

With the hierarchical structure post-printing and the ductility disparity between CoCrMo 

and maraging steel, the resultant MMAM structure revealed an irregular failure mode. 

Scattered pores and river-like patterns point towards ductile fracture, while abrupt and 

ragged tears are reminiscent of brittle failure. Nonetheless, the mechanical properties of 

the combined AM structure stayed within the range of the base alloys.  In contrast, the heat-

Figure 3.14. BSEI images illustrating the fracture patterns following tensile testing for (a), 
(b) as-printed specimens and (c), (d) heat-treated samples. 
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treated specimen revealed a river-like dimple morphology consistent with increased 

elongation observed after tensile testing, as shown in Figure 3.14c-d. Following ductile 

failure, micro-dimples are evenly dispersed across the fracture surface, creating a 

homogenous appearance. The uniformly sized grains found in both regions eliminated any 

geometrical irregularities that could act as stress concentration points, thereby mitigating 

the risk of early fracture.  

3.4 Discussion 

3.4.1 Interfacial evolution mechanism in the as-printed sample 

The distinct characteristics in different regions of the as-printed samples will first be 

correlated to understand the underlying mechanism during solidification of the mixed 

maraging steel-CoCrMo interface. Both base alloys exhibit a heterogenous cellular 

structure after printing. Although cell boundaries form chemical inhomogeneities during 

printing, they do not generate sharp boundaries that coincide with the grains for both 

CoCrMo and maraging steel alloys. The segregation of solutes along the boundaries is 

attributed to a particle accumulated structure formation mechanism driven by surface 

tension [45]. In addition, the saturation of alloying elements in both alloys does not 

necessarily lead to secondary precipitate phase formation or inclusions observed in other 

AM alloys such as IN718 and SS316L [46], which can have detrimental effects on 

mechanical properties. Instead, other studies have observed the relationship between cell 

wall formation and the dislocation substructures in maraging steel [32] and CoCrMo alloy 

[47] after LPBF fabrication, associating it with the cyclic thermal stresses experienced 

during printing. Due to such unique conditions, printing maraging steel achieves martensite 

subgrains that do not resemble the hierarchical structure in conventional maraging steels 
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and printing CoCrMo achieves fine dendritic fcc-hcp structures that do not resemble 

conventional CoCrMo alloys. Consequently, a complex composite environment is formed 

upon solidification after the first layers of MP1 powder are mixed with the re-melted MS1 

molten pool. Additional analysis has been applied to the IPF map of the as-printed sample 

shown in Figure 3.5, and the results of parent austenite grain reconstruction applied on the 

martensite region based on the protocol developed by Huang et al. [48] are presented in 

Figure 3.15a. Although other studies have identified the low susceptibility of maraging 

steel to a dominant texture after printing [7,17,49], the fine martensite subgrains observed 

in this study appear to originate from columnar austenite grains. This signifies a preferred 

orientation for epitaxial growth of the austenite structure during solidification. 

Furthermore, the orientation of some columnar grains detected in the CoCrMo regions can 

also be related to the prior austenite grains. Instead of a dominant <100> // BD columnar 

structure that is expected if CoCrMo is to be printed separately, continuous FCC growth in 

the interface resulted in some grains that have a preferred orientation in <110> // BD. 

Therefore, these observations suggest that during the solidification of the interface, 

columnar grains that are exclusively fcc phase and experience solute segregation are 

formed.  

The occurrence of martensite transformation during further rapid cooling in the interface 

should then be investigated. To demonstrate the effect of solute distribution to the 

formation of martensite, the average composition of alloying elements obtained from the 

EDS maps presented in Figure 3.10 was used as input to calculate the starting temperature 

of martensitic transformation (Ms), based on a commercially available software that can 

generate kinetic and thermodynamic models for steel and cobalt alloys [32,50]. The results 
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are presented in Figure 3.16. Evidently, as more CoCrMo layers are introduced, the 

addition of Co and Cr impedes the transformation of austenite grains during rapid cooling. 

Since the alloying element distribution is also heterogenous, specific regions exhibit 

different tendencies in nucleation and subsequent growth of martensite subgrains. In the 

cellular level, the slight differences of major alloying elements along the cell walls 

observed in the EDS point analysis in Figure 3.4 can also cause uneven martensite 

transformation. The excess Mo and Ti concentration in maraging steel cell walls can 

promote austenite retention in the cell boundaries, while the reduction of Cr and Co 

concentration inside the CoCrMo cells can also promote martensite formation in the cell 

Figure 3.15. Analysis of EBSD results: parent austenite grain reconstruction of martensite 
regions of the (a) as-printed and (b) heat-treated samples; and phase boundaries that obey 
the K-S relationship for the (c) as-printed and (d) heat-treated samples. 
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matrix. Furthermore, heterogenous martensite nucleation corresponds to a volume 

expansion that can induce localized stresses which could then obstruct and even prevent 

further transformation of neighboring austenite regions [32,51].  

To confirm that discontinuous martensite transformation occurred in the interface, fcc-bcc 

phase boundaries that obey the Kudjumov-Sachs (K-S) orientation relationships within 5° 

are also identified in Figure 3.15c. The K-S relationships [52] are established lattice 

orientation relationships originally observed between transformed martensite and parent 

austenite in low and ultra-low carbon steels defined as: 

(1 1 1)γ || (0 1 1)α’ , [1 ̅0 1]γ || [1 1 1]α’  [2] 

Figure 3.16. Thermodynamic simulation of Martensite start temperature based on alloy 
distribution along the interface after printing. 
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with γ and α’ representing austenite and martensite, respectively. A majority (81.3 %) of 

the identified fcc-bcc boundaries in the as-printed interface shown in Figure 3.5 and Figure 

3.15c satisfies the defined relationship and outlined regions wherein austenite has been 

retained. Segregated fcc phase islands that resemble the shape and stirring effect of Bénard-

Marangoni convection [35] are formed due to the differences in solute concentration and 

propensity to martensite nucleation. In summary, the interface formed by continuous 

printing of is dictated by the growth orientation before solidification, negligible presence 

of secondary phases, local alloying element distribution, local stresses due to martensite 

volume expansion, and intermixed grain and cellular growth. 

3.4.2 Effect of heat treatment on the dual-alloy interface 

Heat treatment schedules applied to multi-material structures deviate from the standard 

temperature combinations to satisfy the mechanical requirements of all the components 

involved. Although the solution heat treatment provided sufficient stress relief and 

complete dissolution of the cellular structures to both alloys, the duration is longer than 

necessary for the maraging steel region, leading to some level of grain coarsening observed 

in Figure 3.9. The aging step is also unnecessary for the CoCrMo region but can lead to 

some level of material hardening with no changes in the cellular structure [20]. More 

importantly, a unique interface morphology was detected after the combined effects of heat 

treatment. The contrast in martensite formation mechanism is then analyzed based on the 

results of parent austenite grain reconstruction of the heat-treated maraging steel region in 

Figure 3.15b and investigation of fcc-bcc boundary orientation relationships along the 

interface after heat treatment presented in Figure 3.15d. Since a uniform compositional 

gradient is formed, the discontinuous fcc phase islands and martensite subgrains are 
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replaced with consistent parallel laths that are oriented along the <111> // BD. While a 

hierarchical equiaxed packet-block-lath martensite structure is formed in the maraging 

steel region, the presence of Co and Cr near the interface limits nucleation sites and 

promotes directional lath growth. Based on the phase map in Figure 3.9, austenite retention 

is suppressed due to the applied solution heat treatment. Consequently, solute 

homogenization resulted in a decrease in local strains due to uniform transformation 

between austenite grains. Previous studies have reported that skipping the solution heat 

treatment step results in the formation of more austenite after direct aging [9,19]. Precise 

control of the printing parameters can also dictate the amount of retained austenite after 

printing [17]. Finally, the martensite grains become finer closer to the CoCrMo region, as 

there is limited driving force for growth beyond the Fe- and Ni-rich maraging steel regions.  

3.4.3 Effect of heat treatment on the mechanical properties 

The overall change in hardness shows early evidence of the successful application of the 

heat treatment strategy to both base alloys. For the maraging steel region, the significant 

increase in hardness indicates precipitation strengthening after heat treatment, since 

solution-treated and aged maraging steel samples typically exhibit hardness values greater 

than 600 HV [42,53,54]. Bai et al. [9] also observed that the abrupt increase in hardness 

depends more on the abundance of martensite formed after aging and is not heavily affected 

by the solution heat treatment process. For the CoCrMo region, the reduction in hardness 

implies enhanced ductility, as was similarly observed in [13]. Tensile testing of the as-built 

samples caused premature fracture close to the interface, which can be attributed to strain 

mismatch between maraging steel and CoCrMo during loading. Despite having similar 

tensile properties, the maraging steel section's marginally superior hardness and tensile 
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strength lead to more noticeable contraction near the failure surface in the CoCrMo section. 

The appearance of scattered irregular dimples is indicative of a ductile intragranular 

fracture in the as-printed surface [55], and the observed initial ductility (14.7 ± 1.3 % εf) 

of the combined AM structure facilitated the nucleation and growth of pores throughout 

the fracture surface. However, due to the heterogeneous microstructure and the presence 

of localized thermal strain post-printing, a brittle mode of failure was accelerated, evident 

from the formation of planes that cracked smoothly and interspersed with coalescing voids. 

As-built samples typically exhibit anisotropy due to the nature of the fabrication process 

[17]. Furthermore, the scattered pores observed on the fracture surface can function as 

nucleation sites for micro-void accumulation, which can initiate crack growth due to stress 

concentration.  

After heat treatment, distinct mechanical properties emerged for each alloy, and the 

resulting failure surface is also closer to the CoCrMo section. Volume shrinkage happened 

primarily on the CoCrMo side, and the precipitation strengthening allowed the maraging 

steel section to resist plastic deformation while absorbing the energy during the stretching 

process. Although the maraging steel region possesses low ductility, the overall ductility 

of the dual-alloy structure is enhanced following heat treatment. Based on the reduced 

number of dislocations and chemical homogenization after heat treatment, the overall 

toughness of the material increased. A ductile fracture surface was also observed in the 

heat-treated samples. Notably, no local inclusions or voids were detected, reinforcing the 

effectiveness of the applied solution heat treatment. The failure occurred preferentially in 

the CoCrMo region, and the extended deformation occurs primarily through strain-induced 

γ-fcc → ε-hcp martensite transformation [21,56,57]. Antunes et al. [22] also identified 
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through in-situ XRD investigation of tensile-loaded CoCrMo specimens that solution heat 

treatment prolongs the γ-fcc → ε-hcp transformation and results in lesser ε-hcp phase 

transformation at lower lattice micro-strain values compared to as-built samples. As 

stretching continues, ε-hcp phase transformation steadily increases in solution-treated 

samples and reaches peak transformation at high strain values. 

3.5 Conclusions 

The interface characteristics of a dual-metal CoCrMo alloy-maraging steel component 

fabricated by laser powder bed fusion in the as-built and solution heat treated and aged 

conditions were investigated in this study. Based on the results, the following conclusions 

were established: 

 The microstructures obtained from optical microscopy, SEM imaging, EBSD 

technique and XRD analysis suggest that the application of solution heat treatment 

benefits both maraging steel and CoCrMo alloys by improving ductility, relieving 

residual stresses, and promoting structural homogeneity along the interface. 

 The hardness measurement from nano-indentation implies that a successful 

precipitation strengthening and stress relief occurred in the multi-material alloy. 

The mechanical testing results revealed that the tensile strength was maintained at 

1185 ± 18 MPa before and after heat treatment, complemented with an increase in 

elongation from 14.7 ± 1.3 % % to 27.1 ± 2.1 %. Based on the fracture point after 

tensile testing and the individual mechanical properties of the base alloys, the 

strength and ductility measured can be associated with the strength of the bond 

between CoCrMo and maraging steel.  
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 The mixed structure observed in the interface of the as-printed samples is a result 

of discontinuous martensite transformation of fully fcc phase columnar grains 

experiencing solute segregation. The untransformed fcc islands are a product of the 

combined effects of growth orientation before solidification, negligible presence of 

secondary phases, local alloying element distribution, local stresses due to 

martensite volume expansion, and intermixed grain and cellular growth. 

 Heat treatment results to the decomposition of cellular boundaries and converts the 

diverse as-printed interface into homogenous parallel martensite laths which 

nucleates and grows depending on the solute distribution. 

 The successful combination of maraging steel and CoCrMo alloy as an MMAM 

structure provides a variety of potential applications and benefits, particularly in 

fields requiring high performance and durability. Supplemental heat treatment can 

be employed to enhance maraging steel’s strength by precipitation strengthening 

without compromising the strength of CoCrMo alloy and the interface.  
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Background 

In the previous chapter, the successful continuous laser powder bed fusion (L-PBF) of 

18Ni(300) maraging steel and CoCrMo alloy was presented in detail. An initial 

conventional heat treatment step was also applied, and the resulting mechanical properties 

were compared to the original component. The next challenge is to fine-tune the material 

properties through heat treatment to meet the specific demands of the potential applications 

of this alloy combination, such as in injection molding, cutting machinery, and engine 

assemblies. An optimized heat treatment process after printing is crucial, but this step faces 

an obvious constraint: finding the right balance of temperature and exposure duration is 

tricky because each alloy responds differently to heat, undergoing unique transformations 

at various cycles. The main objectives in this chapter are twofold: achieving the best 

possible microstructure and mechanical strength for each alloy while making sure that the 

transition zones where the materials meet are compatible and strong. 

Comprehensive analysis and characterization of mechanical properties and microstructural 

evolution has been performed through scanning electron microscopy (SEM), transmission 

electron microscopy (TEM), electron backscatter diffraction (EBSD), atom probe 

tomography (APT), microhardness tests, and uniaxial tensile tests. This investigation has 

led to some exciting discoveries with a number of useful and novel findings, given the 

limited research on how heat treatment impacts the fusion zones of these materials: 
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• The first-time observation of grain-scale variant selection during the martensitic 

solidification of L-PBF structures, influenced by recoil pressure from thermal 

cycling. 

• The inherited absence of missing variants even after heat treatment when 

solution treatment is not applied. 

• The potential for reducing austenite reversion caused by alloy depletion during 

precipitation through the application of homogenization and solution heat 

treatments. 

These results open new research pathways in the analysis of combined structures and 

texture inheritance of printable alloys undergoing phase transformation during 

solidification and heat treatment. 
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This section is recently submitted to the journal Virtual and Physical Prototyping (after 
revision following the feedback of reviewers) as a research article entitled ‘Evidence of 
grain-scale variant selection in multi-material laser powder bed fusion of FeNi- and CoCr-
based alloys.’  

Abstract 

This study demonstrates the successful fabrication of a multi-material 18Ni(300) maraging 

steel - CoCrMo alloy using laser powder bed fusion (L-PBF), which in its as-built state, 

displays suboptimal mechanical performance. Addressing this, we propose different heat 

treatment strategies that mutually enhance the mechanical properties of both alloys. The 

intricate chemical diffusion and phase distribution mechanisms in the multi-material 

transition zones are also investigated. Comparative analysis of texture development, 

precipitation sequence, and mechanical properties of as-built and heat-treated maraging 

steel-CoCrMo dual structures at different scales has been conducted. The results indicate 

that post-processing at 1150 °C for 2 hours, 940 °C for 5 hours, and 490 °C for 6 hours 

achieved the highest tensile strength through cooperative strengthening of intragranular γ-

ε transformation in CoCrMo, and Ni3Ti precipitation in maraging steel. Adding the solution 

treatment at 1150 °C also balanced the formation of acicular Ni3Ti clusters with Mo-rich 

clusters corresponding to (Fe,Ni,Co)2(Ti,Mo) precipitates, and revealed that chemical 

segregation and element depletion influence austenite reversion. Initial evidence of local 

grain variant selection has been revealed in as-built samples due to thermal cycling and 

repeated austenite reversion, which generates residual stresses, recoil forces, and 

convective flow. Surprisingly, the missing variants can also be inherited after heat 

treatment with insufficient solution temperatures. 
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4.1 Introduction  

Multi-material additive manufacturing (MMAM) introduces a new design degree of 

freedom through strategic placement of compatible alloys within a heterogenous 

component. This approach results in multi-functional, cost-effective parts with tunable 

local characteristics, reduced reliance on vulnerable joint systems, and adaptability to 

combined environmental constraints [1,2]. With the fabrication goal of increasing the 

length-scale resolution of geometrical sophistication, the incremental deposition in Laser-

based powder bed fusion (L-PBF) allows the formation of thin layer boundaries that 

promote raw material efficiency and limit alloy migration through interdiffusion [3,4]. The 

choice between a sharp, gradual, or intermediate material transition [5] should consider the 

solidification dynamics and compositional fit of the individual feed materials to be fused.  

In this work, the combination of maraging steel and CoCrMo alloy was extensively 

investigated for MMAM, followed by post-processing. The directionality of the 

mechanical properties in the final product can be controlled according to the individual 

merits of both alloys: Maraging steels [6–8], known for having superior strength, 

weldability, and easier serviceability, can be tactically merged with CoCrMo alloys [9,10] 

which have better thermal stability, higher wear resistance, and inherent biocompatibility. 

The initial motivation for this material combination is for thermal transport and injection 

molding applications, wherein local material choice heavily depends on cost and 

complexity considerations [11]. However, successful post-processing and heat treatment 

will dramatically broaden its application to components requiring more comprehensive 

mechanical performance and standard certification, such as loadbearing structural 
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components [7], heavy tooling and cutting machinery, impact energy absorption 

assemblies [12], and automotive engine components [13]. 

Two main challenges emerge when designing a suitable heat treatment schedule for a 

MMAM component: first, the desired internal structure, dislocation distribution, texture, 

mechanical properties, and phase transformations should be achieved in each alloy; and 

second, the resulting alloy migration, intermetallic precipitation, and phase distribution 

along the transition zones should not introduce points of weaknesses and compromise the 

integrity of the entire structure. For CoCrMo alloys, the balance between the metastable γ-

phase and martensitic ε-phase hinges on the interactions between several microstructural 

elements including stacking faults [14], recrystallized grains, coherent twins, pinning 

precipitates [15], and interstitial elements [16]. A prolonged exposure to 1150 °C for 6 

hours has been proven successful in reducing residual stresses and eliminating anisotropic 

behavior for CoCrMo alloys produced using L-PBF, resulting in a stress-free structure with 

equiaxed grains [17]. Depending on the accumulation of Shockley partials and density of 

dislocations, the γ-ε transformation can take place through strain addition [9], annealing 

[14], diffusional massive transformation [18], or rapid cooling [19]. The subsequent growth 

predominantly occurs along parallel striations that extend in {111}γ habit planes [20]. 

For martensitic transformation in maraging steels, which will be the focus in this study, the 

crystal symmetry of the parent austenite (γ) grain often dictates a predetermined set of 

martensite child (α’) orientations or ‘variants’ that minimizes the lattice mismatch during 

phase change [21]. Several orientation relationships have been used to define texture 

transfer after steel transformations, the simplest being the Bain relationship described as 

{001}γ || {001}α and <100>γ || <110>α [22]. This equates to a 45° rotation in each of the 
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three <100> axes. The Kurdjumov-Sachs (KS) relationship represents 24 possible variants 

through 90° rotations along the 24 <112> axes with the parallelism condition {111}γ || 

{110}α  and <110>γ || <111>α. On the other hand, the Nishiyama-Wassermann (NW) 

relationship corresponds to 12 potential variants through 95.2° rotations about the <-1 + 

21/2 + 31/2, 1 + 21/2 + 31/2, 21/2> axes [23] specified by the {111}γ || {110}α and <211>γ || 

<110>α condition. Surrounding each Bain variant are four NW variants, each in between 

two of eight total KS variants that are clustered into relevant Bain Circles [24]. Other 

mutual orientation relations have been comprehensively investigated in Refs. [25,26].  

The direct analysis of transformation texture development in AM structures becomes 

challenging due to the columnar dendritic morphology and accumulated thermal cycling 

during printing, which blurs the original γ grain boundaries. However, the parent γ-phase 

retention occuring in the interface of the MMAM component in this study reveals a new 

avenue for phase transformation analysis. Variant distribution and local selection in 

additively manufactured maraging steels have been recently observed by Truong et al [27], 

but the analysis relied on full parent reconstruction due to the single phase matrix after 

solidification. Since retained γ-phase exists in the interface of the multi-material 

component in this study, the orientation of the parent and child grains can be directly 

correlated. Recognizing the other processing considerations explained above, the primary 

objective of this study is to systematically investigate the effects of continuous LPBF and 

heat treatments to the mechanical properties and microstructural evolution in CoCrMo 

alloy-maraging steel dual structure. Main concepts of phase transformation, texture 

development, strain distribution, and precipitate nucleation were correlated to the resulting 

hardness and tensile properties. This work also proposes new perspectives on solidification 
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and variant selection during AM and provides guidance in post-processing analysis for 

MMAM components. 

4.2 Materials and Methods 

4.2.1 Alloy preparation 

The fabricated MMAM component was produced from voestalpine Additive 

Manufacturing Center Ltd. (vAMC) in Mississauga, Ontario, Canada, using gas atomized 

powders of maraging steels and CoCrMo alloys with particle diameter ranges of 15-70 μm 

and 15-50 μm, respectively. The continuous L-PBF process has been discussed in detail on 

the previous work presented in Ref. [11], utilizing an EOS M290 machine under Ar gas 

atmosphere equipped with the following set parameters for both powders: 1100 mm/s laser 

speed, zigzag stripe hatching style with 50° alternating rotation, 50 µm target layer 

thickness, hatch distance of 0.1 mm, and laser power of 280-300 W. The maraging steel 

layers are loaded and melted first, syncing the switch in the powder recoater to CoCrMo 

alloy powders once the target volume is reached. No cracks were observed in the 

component after printing. The chemical composition of the powders was validated through 

Inductively Coupled Plasma - Optical Emission Spectroscopy (ICP-OES) tests, and the 

elemental constituents are shown in Table 4.1. Representative samples and tensile coupons 

incorporating the material transition zone in the middle were prepared for separate analysis 

and heat treatment.  

Table 4.1. Chemical composition of maraging steel and CoCrMo feed powders (in wt %) 

Material Fe Co Cr Ni Mo Ti Mn Si C 

Maraging balance 9.30 - 18.00 4.90 1.10 0.15 0.10 0.03 

CoCrMo 0.75 balance  30.00 0.10 7.00 - 1.00 1.00 0.16 
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4.2.2 Heat Treatment 

As-built samples were subjected to three heat treatment conditions detailed in Figure 4.1 

using a quartz tube furnace in an Ar gas atmosphere. Differential scanning calorimetry 

investigations on CoCrMo fabricated using L-PBF [28] identified two distinct endothermic 

peaks at 965 °C and 1139 °C, which are associated with the γ-ε phase transition and 

precipitate dissolution temperatures, respectively. On the other hand, dilatometry tests on 

maraging steel samples in this study using a 1 °C/s heating rate determined the precipitation 

range of 450-550 °C, the austenite start (As) at 660 °C, and the austenite finish (Af) at 950 

°C, while the solutionizing temperature is expected above 1100 °C [29]. The temperature 

and exposure durations were strategically chosen based on the desired mechanical 

properties and internal structures for both alloys. For HT1, exposure at 1150 °C for 6 hours 

followed by 490 °C for 6 hours were employed. The first step is to trigger complete solution 

treatment, stress relief and high ductility recovery in the CoCrMo at the expense of coarser 

prior austenite grain size in maraging steel, while the second step is for aging treatment of 

maraging steel below the γ-ε transformation region of CoCrMo. For HT2, soaking at 940 

°C for 2 hours followed by 490 °C for 6 hours were chosen. This focuses on achieving high 

strength in maraging steel at the expense of some ductility in CoCrMo. The first step acts 

as an austenitizing treatment for maraging steel and short aging for CoCrMo alloy, while 

the second step acts as an aging treatment for maraging steel similar to HT1. The final 

treatment condition in HT3 is performed in three steps: 1150 °C for 2 hours + 940 °C for 

5 hours + 490 °C for 6 hours. With the aim of balancing the strength achieved from both 

alloys, the first step is a shortened solution treatment to recover some ductility in CoCrMo, 

followed by considerable γ-ε phase massive transformation in the second step. For the 

maraging steel, the three steps represent a solution-austenitizing-aging treatment that 
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incorporates the CoCrMo exposure durations. Heating rates for all temperatures were set 

at 5 °C/min and samples were water quenched after the set duration.   

4.2.3 Material Characterization 

Microscopic analysis was performed using a JEOL JSM 6010 SEM on mirror polished 

samples obtained parallel to the build direction (BD) to investigate the as-built and heat-

treated microstructures. Electrochemical etching with an ammonium persulfate solution for 

10 s at 6 V was applied to the maraging steel region, while a mixture of 10% H2SO4 and 

CH3OH solution for 25 s at 6V was applied to the CoCrMo region. Heat-treated CoCrMo 

specimens were electrochemically etched in a 9% HCl solution at 4V for 10 s. To correlate 

the chemical distribution and texture development along the transition zones of all 

conditions, energy-dispersive spectroscopy (EDS) and electron backscatter diffraction 

(EBSD) was simultaneously performed using a Scios 2 DualBeam SEM system equipped 

with an EBSD detector and EDS analyzer. All inverse pole figure (IPF), kernel average 

misorientation (KAM), EDS, and phase maps were generated using the Aztec Crystal 

Figure 4.1. Schematic illustration of three heat treatment schedules (HT1, HT2, and HT3) 
employed in this work, with the relevant temperatures and holding times considered for 
both alloys. 
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software. In-depth pole figure and variant analysis was performed using a custom 

MATLAB code utilizing the MTEX software [30] and previous works from Ref  [26]. 

Transmission electron microscopy (TEM) foils were electropolished in a twin-jet Tenupol 

apparatus in 5% perchloric acid in methanol at -20°C at a voltage of 15V. TEM was 

performed on a JEOL 2100F FEG-TEM at 200 kV acceleration voltage. Atom probe 

tomography (APT) samples were prepared by the standard two-step electropolishing [31]. 

APT data was collected on a CAMECA Local Electrode Atom Probe LEAP 5000XR 

instrument, at 25 K with a pulse fraction of 20%, a pulse repetition rate of 200 kHz and a 

detection rate of 0.5%. APT data were reconstructed and analyzed with the IVAS 

embedded in CAMECA AP suite 6 software.  

To examine the influence of the internal structure on mechanical properties, uniaxial tensile 

tests and microhardness measurements were conducted on as-built and heat-treated 

specimens. Hardness tests were carried out using the iMicro KLA nano-indenter with a set 

load of 1 N and indentation depth of 5000 nm, repeating each measurement five times in 

17 locations across the transition zones while maintaining a 50 µm indent spacing (total 

length of ~850 µm). In accordance with ASTM-E8 standards, tensile testing of cylindrical 

MMAM coupons featuring a 16 mm gauge length and 4 mm diameter were implemented 

at a nominal strain rate of 0.005 s-1 using an Instron 1332 machine equipped with a 50 kN 

load cell.  

4.3 Results 

4.3.1 Microstructural analysis of as-built samples 

Figure 4.2a illustrates the volatile as-built interface structure which exhibits a blend of fine 

martensitic maraging steel cells and large columnar CoCrMo grains. The addition of the 
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initial CoCrMo layers leads to non-uniform martensitic solidification in the exposed 

maraging steel layers, which creates a unique cellular and melt pool configuration due to 

the phase resemblance of the two alloys before solidification. The slightly lower thermal 

conductivity of CoCrMo also results in a coarser sub-grain structure. The acicular structure 

of martensite is influenced by the local composition and temperature gradient that evolves 

along the building direction, which leads to the penetration of laths into CoCrMo. This 

structure reinforces the interfacial bonding along the immiscible interface and leads to a 

compatible transition as the new material solidifies. 

The first material to be deposited is maraging steel, and a closer look at the microstructures 

in Figure 4.2b and Figure 4.2d obtained along the building direction (BD) show familiar 

AM structures with melt pool boundaries that have an average width of ∼165 ± 17 μm and 

depth of ∼55 ± 13 μm surrounded by unevenly sized cells with an average diameter of 0.45 

± 0.1 μm and thickness of ∼75 nm. The primary cellular spacing (λ1) corresponds to an 

approximate cooling rate of 6.2 ×106 based on the equation CR =ቀ
஛భ

଼଴
ቁ

ି
భ

బ.యయ [32,33]. Due to 

the heat flow generated during printing, most columnar structures marked by red arrows in 

Figure 4.2b preferentially expand perpendicular to the melt tracks and blend with the finer 

cells developed in the melt cores. The typical heterogenous cellular microstructure can also 

be recognized in the CoCrMo alloy region shown in Figure 4.2c and Figure 4.2e. The 

observed melt tracks have an average width of ∼165 ± 15 μm and melt pool depth of ∼54 

± 11 μm. The cellular spacing (λ1) of 0.51 ± 0.09 μm corresponds to a cooling rate of 4.5 

×106, which is very similar with maraging steel due to the small difference in thermal 

conductivity (13 W/m-K for CoCrMo compared to 15 W/m-K for maraging steel). Multiple 

groups of elongated cells that stretch along the melt tracks are mixed with spherical cells 
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that are primarily observed inside the track cores, and the cell boundaries have a thickness 

of ∼80 nm. The underlying grains are predominantly columnar and exhibit epitaxial growth 

across multiple layers of the melted powder. Groups of parallel bands identified as ε-phase 

striations [15,34] and marked by red lines in Figure 4.2c result in a striated structure that 

generally extends across melt tracks but mostly terminate along grain boundaries (some 

transgranular bands still exist). 

Figure 4.2. Microstructural features of the as-built MMAM component: (a) transition zone, 
(b, d) maraging steel cellular structure, and (c, e) CoCrMo cellular structure. 



 

97 

Figure 4.3 presents the phase distribution, orientation properties, and kernel average 

misorientation (KAM) map at the interface of the freshly printed sample. A fragmented 

martensitic structure is observed in the maraging steel region, consisting exclusively of bcc 

phase with an average crystallographic lath thickness of 2.3 ± 0.7 μm. Multiple laths show 

a similar alignment to both the <100>//BD and <111>//BD, but the growth of continuous 

blocks has been interrupted by the variable solidification conditions during printing. This 

results in diverse lath sizes and detached strips (marked in black in Figure 4.3b) that could 

have fully formed under consistent thermal conditions but are instead contributing to a 

more refined microstructure. The underlying matrix that is influenced by the melt pool 

morphology still shows alignment between <100>//BD and <111>//BD, forming columnar 

boundaries over several layers growing epitaxially.  

During initial deposition of the CoCrMo layers, the liquefied region contains a mixed 

composition distribution from both alloys. Even though both powders dissolve to fcc phase 

after melting, only the maraging steel composition undergoes a bcc phase transformation 

during solidification. Co- and Cr-rich regions shown in EDS maps in Figure 4.3d and 

Figure 4.3e (taken from the area highlighted in Figure 4.3a) had a higher tendency of 

retaining large grain fcc regions upon cooling, while Fe-rich regions experience isolated 

martensitic transformation that usually results to finer laths. Segregation of Co and Cr 

minimizes the expected martensite start temperature, leading to untransformed fcc islands 

in the center of the melt. The generated circular flow also migrates Fe-rich alloying 

elements and allows fragmented lath solidification above the melt. The columnar structure 

with alloy segregation provides unique transformation conditions which form limited 

martensite variant types that will be identified in the discussion section. In particular,  
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regions A and B in Figure 4.3a will be analyzed later for grain-scale variant distribution. 

Other factors, such as accumulated thermal strain, partitioning of alloying elements with  

differing melting temperatures, and the turbulent mixing effects of Bénard-Marangoni flow 

Figure 4.3. Texture development in the transition zone of the as-built sample: (a) phase 
map showing fcc and bcc structures, (b) inverse pole figure color map, (c) kernel average 
misorientation maps, (d,e,h,i) EDS maps for Co, Cr, Fe, and Ni, respectively, (f) 
corresponding legends for a-c, (g) IPF representation of fcc grains, and (j) IPF 
representation of bcc grains. 
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[35], result in residual fcc regions in the interface that resemble the prior melt pool 

boundaries. In addition, the KAM maps in Figure 4.3c show that the associated strain with 

the martensite transformation leads to areas with high concentration of low angle KAM 

values, enveloping untransformed fcc regions that are essentially strain-free. This is evident 

in some regions without isolated strips that have a reduced distribution of low 

misorientation values. After the ~240 µm mixed-phase interface takes shape, the 

successive layers resemble the original CoCrMo composition. Although melt pool sizes for 

both materials were similar, the grains for CoCrMo are larger and columnar, averaging 92 

± 11 μm in size. A strong texture along <110>//BD and <110>//BD can be observed, which 

notably resembles the texture preference observed in the fcc islands along the interface.  

4.3.2 Microstructural analysis of heat-treated samples 

The applied heat treatments generated the target microstructural changes at both alloys, but 

unique transformation mechanisms have been observed close to the interface of the dual-

metal structures. The occurence of intermetallic precipitation is also investigated within 

the maraging steel region, especially since all conditions involved a 6-hour aging treatment 

at 490 °C. Sub-sections below will present the observations from HT1, HT2 and HT3.  

4.3.2.1 Microstructure after HT1 (1150 °C for 6 hrs + 490 °C for 6 hrs)  

Figure 4.4 shows microstructural features within key regions of the dual-alloy specimen 

following HT1. Dissolution of alloying elements in both base alloys occurred at the 

expense of the preexisting cellular structures. In the CoCrMo region, equiaxed polygonal 

grains are predominant, while the maraging steel region is characterized by a hierarchical 

packet-block-lath structure. The major axis of martensite laths that evolved near the 
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interface in Figure 4.4a aligns with the composition gradient (parallel to the BD) and  

terminates at the CoCrMo grains while preserving epitaxial growth. Significant lath size 

evolution is evident in the maraging microstructure in Figure 4.4b and Figure 4.4d. High-

temperature conditions facilitated stress relief and uniform solute distribution, thereby 

promoting continuous nucleation and extension across all directions. On the other hand, 

huge grains that are devoid of ε-hcp bands but contain annealing twins (i.e., not present in 

the as-printed state in Fig. 2) formed in the CoCrMo region in Figure 4.4c and Figure 4.4e. 

Figure 4.4. Microstructural features after HT1: (a) transition zone, (b, d) maraging steel 
lath structure, and (c, e) CoCrMo twin structure. 
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Crystallographic analysis of samples subjected to HT1 in Figure 5 further reveals that a 

well-defined phase boundary emerged at the interface, separating the bcc-phase martensite 

from the fcc-phase CoCrMo. Within the maraging steel region, large martensite blocks 

having widths averaging 6.4 ± 2.6 µm in thickness are evident. The previously observed 

texture and isolated martensite packets after printing have vanished, resulting in a 

randomized orientation distribution. Closer to the interface in Figure 4.5a, the fcc islands 

that formerly mirrored the shape of the melt pool are no longer visible, replaced by thick 

martensite laths aligned along <111>//BD and extending perpendicular to the interface. 

Martensite packets in Figure 4.5b that are far from the interface show cooperative growth 

and energy minimization in all directions, but the scarcity of nucleation sites near the 

interface results in directional growth along the composition gradient (parallel to BD) 

shown in Figure 4.5d-4.5i. The martensite laths formed a pronounced border with the 

CoCrMo grains, which have transformed into equiaxed grains averaging 36.7 ± 15.1 µm 

in size with distributed annealing twins. The twin boundaries observed in the CoCrMo 

region satisfy the misorientation conditions for Σ3 special grain boundaries (GBs) of <111> 

60°. The KAM maps in Figure 4.5c also indicate an abrupt transition from an even spread 

of low angle misorientation boundaries in the maraging steel regions, a product of the 

lattice distortion from martensitic transformation, to equiaxed grains devoid of local strains 

or low KAM values, signifying successful stress relief in the CoCrMo region. Overall, no 

traces of the melt pool morphology can be observed from the texture distribution in both 

regions, and a sharp phase transition has developed in the interface. A more comprehensive 

discussion of texture development after this heat treatment can be found in Ref. [11]. 
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 TEM characterization results in Figure 4.6 provide additional insight into the morphology 

Figure 4.5. Texture development in the transition zone of the HT1 sample: (a) phase map 
showing fcc and bcc structures, (b) inverse pole figure color map, (c) kernel average 
misorientation maps, (d,e,h,i) EDS maps for Co, Cr, Fe, and Ni, respectively, (f) 
corresponding legends for a-c, (g) IPF representation of fcc grains, and (j) IPF 
representation of bcc grains. 
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and distribution of precipitates within the maraging steel region. The disappearance of 

cellular walls is associated with the annihilation of entangled dislocations and 

redistribution of alloying elements. Overgrown lath structures in Figure 4.6a exhibit a 

thickness of 496.2 ± 28.1 nm, which is ∼6x the size observed in other conditions. Uniform 

lath growth is also accompanied by dense acicular precipitates embedded throughout the 

matrix, with an average length of 33.9 ± 3.9 nm. EDS results in Figure 4.6b confirm that 

the precipitates coincide with Mo-enriched clusters, which is indicative of Fe7Mo6 or 

Fe2Mo formation. Unlike the observations made by Mei [36], who linked austenite 

reversion to Mo-enriched precipitates after over-aging at 540°C, the preliminary solution 

heat treatment employed in the current study preserves a single-phase matrix after aging. 

Figure 4.6. High resolution structures of HT1 sample: (a) TEM-BF images, (b) EDS 
mapping results, and (c) corresponding selected area diffraction pattern. 
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Additionally, the absence of Ni segregation implies that Ni either remains unconsumed 

during the precipitation process or reverts back into the matrix following over-aging. Given 

that Ni acts as a principal austenite stabilizer capable of inducing austenite reversion in 

maraging steels, the suppression of the bcc-fcc phase transition is evident.  

4.3.2.2 Microstructure after HT2 (940 °C for 2hrs + 490 °C for 6 hrs) 

The emphasis with HT2 is to achieve high strength in maraging steel at the expense of 

ductility and stress relief in CoCrMo. Skipping the solution treatment step resulted in 

inconsistent microstructures on both regions and the interface. The microstructure 

morphology after HT2 is displayed in Figure 4.7, highlighting the discontinuous martensite 

lath distribution in the interface. The brief exposure to 940 °C gave sufficient driving force 

to dissolve cellular boundaries and develop lath structures in the maraging steel region, as 

depicted in Figure 4.7b and Figure 4.7d. However, the cellular structure was partially 

retained in the CoCrMo region, as shown in Figure 4.7c and Figure 4.7e. Additionally, this 

region manifested significant ε-hcp bands—indicated by red lines in Figure 4.7c—with 

varying lengths and with multiple bands intersecting in highly striated regions. Some bands 

are transgranular and some groups of parallel bands criss-cross on top of each other. 

Although sharp boundaries have formed, multiple elongated grains still resembled the melt 

pool structure after printing. A closer look in Figure 4.7e reveals the partial disintegration 

of the cell walls into finely dispersed and elongated boundaries. Coarse, irregularly shaped 

precipitates marked by blue arrows also preferentially formed along grain boundaries, 

which are identified as carbide precipitates through EDS. 

The HT2 interface features four distinct phases, two of which (fcc-Co and fcc-austenite) 

are indistinguishable in the phase map (see Figure 4.8). The non-uniform chemical 
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distribution is reflected on the discontinuous arrangement of phases, with boundaries that 

resemble the original melt pool shape prior to heat treatment. For instance, the center of  

the melt-shaped intermixture in Figure 4.8a, which preserved the fcc phase after 

solidification, shows Fe-depletion with Co- and Cr-enrichment based on the EDS maps in 

Figure 4.8d and Figure 4.8e. Region C traced in Figure 4.8a will be analyzed later for grain-

scale variant distribution. The predominantly fcc interface featured large columnar grains 

oriented along <110>//BD overlain by transformed bcc laths with a strong texture along 

Figure 4.7. Microstructural features after HT2: (a) transition zone, (b, d) maraging steel 
lath structure, and (c, e) CoCrMo structure. 



 

106 

<111>//BD and <100>//BD, tracing nucleation sites without Co and Cr segregation. Unlike 

the large, untransformed islands in the as-built sample, alloying element diffusion led to 

the formation of isolated laths inside the melt pool-shaped interface. The laths that formed 

at the edge of the melt also appear similarly oriented and more continuous in Figure 4.8b. 

However, the redistribution of Co and Cr led to retention of fine fcc regions dispersed 

within the laths. Closer to the interface, fcc retention is more severe, with the fcc phase 

percentage rising to 34.3 %, compared to 7.7 % near the maraging steel region. Sufficient 

nucleation sites are available for formation of full packets, but the inconsistent martensite 

structure after printing was still inherited. Avoiding solution HT also produced the thinnest 

block width average of 2.6 ± 1.9 µm. Large, segregated phases after printing were diffused 

as transformation from γ-ε for CoCrMo and γ-α’ for maraging steel occurred 

simultaneously. Furthermore, the CoCrMo region showed considerable transformation to 

ε-phase despite only 2 hours of aging, showing the onset of massive transformation in 

unevenly sized grains that retained the original AM grain morphology. Massive 

transformation is an interface-controlled growth [14,18] that results in ε-hcp grains with 

different grain sizes and no crystallographic coherency with the previous γ grains. This 

agrees with the transgranular and overlapping striations observed in the microstructure. 

None of the grains underwent complete transformation due to the short aging duration, 

resulting in a non-uniform microstructure with 16.3 % ε-phase. The KAM maps in Figure 

4.8c display the disparity in strain distribution between regions with successful bcc/hcp 

conversion and those that retained the fcc phase. While the post-heat treatment interface 

likely exhibited limited strain initially, subsequent transformation in the maraging steel 

region generated strain-concentrated regions, marked by pronounced low-angle 
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misorientations. Meanwhile, γ-ε phase transformation occurs through slip and features 

negligible misorientation with the surrounding fcc matrix. 

Figure 4.8. Texture development in the transition zone of the HT2 sample: (a) phase map 
showing fcc, bcc, and hcp structures, (b) inverse pole figure color map, (c) kernel average 
misorientation maps, (d,e,h,i) EDS maps for Co, Cr, Fe, and Ni, respectively, (f) 
corresponding legends for a-c, (g) IPF representation of fcc grains, (j) IPF representation 
of hcp grains, and (k) IPF representation of bcc grains. 
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Figure 4.9 provides a closer look of the lath structure within the maraging steel region. 

HT2 triggers full austenitization at 940 °C but only partial disintegration of cell walls and 

annihilation of dislocations. As a result, lath formation is fragmented with localized strains 

and non-uniform composition upon quenching. Subsequent aging yields a blurred structure 

containing dense precipitates and dislocations forests which can be seen in Figure 4.9a. 

Laths with well-defined parallel boundaries displayed a reduced average thickness of 74.7 

± 15.8 nm, which is considerably thinner than HT1. Unlike the Mo-rich precipitates evident 

in HT1, EDS analysis of the HT2 specimen, shown in Figure 4.9b, exhibited Ni- and Ti-

rich acicular precipitates with an average size of 55.2 ± 8.5 nm. The accelerated formation 

of Ni-Ti precipitates can be attributed to their low nucleation energy and high lattice 

coherency, and it is generally observed at the initial stages of aging [37–39]. Preferential 

Figure 4.9. High resolution structures of HT2 sample: (a) TEM-BF images, (b) EDS 
mapping results, and (c) corresponding SAED pattern. 
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precipitation consumed Ni from the matrix and left islands that favor austenite nucleation, 

since Ni is enriched while Fe and Co remain depleted in these regions. There is a slight 

indication of Mo segregation but at a lesser extent compared to the ellipsoidal clusters 

formed in HT1. Prolonged aging could allow Fe and Mo to serve as substitutional lattice 

elements; however, the insufficient homogenization likely suppressed this behavior within 

the dual-phase matrix.  

4.3.2.3 Microstructure after HT3 (1150 °C for 2 hrs + 940 °C for 5 hrs + 490 °C for 6 
hrs) 

A synergistic balance between strength and ductility for both regions is desired in HT3, 

where CoCrMo experiences solution heat treatment and extended aging at the expense of 

some grain coarsening in the maraging steel region. The microstructure in Figure 4.10 

shows a continuous interface in HT3, avoiding the inconsistent lath formation in HT2 and 

the prominent lath growth in HT1. The maraging steel region in Figure 4.10b and Figure 

4.10d lost cellular features and traces of epitaxial growth since the initial heat treatment 

stages induced extensive homogenization. Considering that the ε-phase transition and 

precipitate dissolution temperatures for CoCrMo were found at ∼970 °C and ∼1140 °C, 

respectively [34], all treatment combinations effectively removed the melt tracks within 

the maraging steel region. 

The focus of HT3, however, is in altering the ε-phase transformation mechanism in 

CoCrMo. Regions highlighted in red in Figure 4.10c showcase consistent, parallel ε-phase 

bands that are constrained within grains and previous melt pool boundaries. Unlike the 

dense striations in HT2, these bands mostly terminated at grain boundaries and displayed 

no overlap. The added solution treatment step preserves the previous γ grain boundaries in 



 

110 

the succeeding γ-ε transformation. The presence of some equiaxed regions that include 

grains free of striations and containing sharp edges can also be observed. Figure 4.10e  

displays coarse precipitates that are exclusively formed in grain boundaries, which are 

identified as carbide precipitates through EDS. Unlike HT2, the matrix now contains round 

and elongated precipitates aligned in a parallel manner. These precipitates trace the 

observed ε-hcp bands, implying that rearrangement occurred after a longer aging time. 

Figure 4.10. Microstructural features after HT3: (a) transition zone, (b, d) maraging steel 
lath structure, and (c, e) CoCrMo structure. 
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The EBSD analysis of the HT3 specimen presented in Figure 4.11 also revealed a 

sophisticated multi-phase interface which reflects the targeted phase transformation in both 

alloys. In the maraging steel region, the two-stage solution HT led to formation of 

martensite blocks that are continuous and randomly oriented, with block widths averaging 

2.8 ± 0.8 µm. The melt pool morphology and refined microstructure in the as-built samples 

disappeared. The redistribution of interface alloying elements also formed residual 

austenite islands scattered along bcc boundaries, shown in Figure 4.11a. However, 

austenite retention occurred to a lesser extent compared to HT2 due to the extended 

homogenization observed in Figure 4.11d-4.11i. Region D traced in Figure 4.11a will be 

analyzed later for grain-scale variant distribution. Closer to the interface, fcc retention is 

more severe, with the fcc phase percentage rising to 28.1 %, compared to 2.7 % near the 

maraging steel region. However, as seen in Figure 4.11b, lath growth persisted omni-

directionally and results in a random interface texture despite the presence of four different 

phases. Of all the heat treatment conditions, HT3 showed the smoothest end-to-end 

composition and texture variation. Lath formation ceased in the interface, and large bcc 

martensite grains solidified in contact with both hcp and fcc-Co grains. 

In the CoCrMo region, exposure to 940 °C for 5 hours caused phase transformation of γ-

fcc to up to 73.6% ε-hcp. Nucleation starts at the grain boundaries and along parallel 

striations wherein carbide precipitates were observed in the microstructure. This suggests 

that local carbon depletion due to precipitation creates favorable sites for transformation. 

While carbon segregation at partially dissolved cell walls promoted massive transformation 

in HT2, the added solution treatment step in HT3 shifts the nucleation sites towards grain 

boundaries and parallel ε-hcp bands. Additionally, carbide precipitates located at these 
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interfaces can exert a solute drag effect by impeding the migration of boundaries during 

the transformation process. This enables the preservation of prior γ boundaries after aging, 

Figure 4.11. Texture development in the transition zone of the HT3 sample: (a) phase map 
showing fcc, bcc, and hcp structures, (b) inverse pole figure color map, (c) kernel average 
misorientation maps, (d,e,h,i) EDS maps for Co, Cr, Fe, and Ni, respectively, (f) 
corresponding legends for a-c, (g) IPF representation of fcc grains, and (j) IPF 
representation of bcc grains. 
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effectively confining the expansion of ε-phase within individual grains. As with the other  

conditions, the KAM map in Figure 4.11c depicts strain related to martensitic 

transformation in the maraging steel region. However, regions close to the fine austenite  

islands and large bcc grains exhibited a diminished intensity of low angle misorientations. 

In the CoCrMo region, local strains between ε-phase bands and surrounding γ-phase grains 

were identified, but the hcp grains from massive transformation did not manifest any low 

angle misorientations.  

Figure 4.12 presents detailed TEM analysis for the HT3 specimen. Lath boundaries are 

difficult to distinguish as they overlap with densely scattered dislocations and ultrafine 

precipitates. Moreover, these laths exhibit random orientations and are rarely adjacent or 

parallel. The prominent elongated structures enriched in Fe, Ni, and Co were identified as 

laths, distinguished by their substantial thickness of 103.4 ± 16.7 nm—dimensions and 

alloy enrichment that are not typically associated with Ni-based precipitates. Additionally, 

they do not match the position of neither the Mo-enriched ellipsoidal precipitation clusters 

nor the finer acicular Ni-Ti segregation which have an average thickness of 47.6 ± 7.4 nm. 

During HT2, precipitation triggered Ni-enriched areas that reverted to austenite. But in the 

case of HT3, the depletion associated with precipitation resulted in random lath 

configurations that have no tendency to transform, thereby maintaining a single-phase 

matrix. The added benefit of the extended solution treatment is the stability of Ni3Ti 

nucleation despite Mo clustering and substitution. Given that the evenly distributed 

alloying elements counteract the depletion associated with precipitation, the results 

underscore the crucial role of preexisting local chemical segregation in influencing 
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austenite reversion. HT1 and HT3 indicate that having a homogenous matrix overshadows 

the reversion effects of precipitate formation and subsequent Ni-depletion.  

Atom probe tomography (APT) was used to further examine the formation of intermetallic 

precipitates that have formed during aging within the maraging steel matrix. Figure 4.13a 

displays the 3D reconstructed volumes of solutes, featuring Ti clusters in green and Mo 

clusters in red, situated near a lath boundary in the HT3 sample. The corresponding iso-

concentration surfaces emphasize enriched regions and corresponding proximity 

histograms for both precipitate types, depicted in Figure 4.13b and Figure 4.13c for Ti and 

Mo, respectively. The elongated Ti-rich precipitates show alignment in two distinct 

directions and can be differentiated from the blocky morphology of the Mo-rich 

Figure 4.12. High resolution structures of HT3 sample: (a) TEM-BF images, (b) EDS 
mapping results, and (c) corresponding SAED pattern. 
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precipitates. This observation aligns with the TEM-EDS data shown in Figures 4.5, 4.8 and 

4.11. Upon examining the Ti clusters, which are expected to emerge at the initial stages of 

aging, a Ni to Ti ratio of nearly 3:1 indicative of Ni3Ti precipitation is observed. At the 

same time, a rise in Mo concentration within these precipitates is seen, while regions rich 

in Mo precipitates show a noticeable depletion of Ni instead. As can be further seen in 

Figure 4.13c, the Mo-rich clusters showed a compositional ratio between Fe+Ni+Co to 

Ti+Mo of approximately 2:1, hinting at a substitutional process during the formation of 

(Fe,Ni,Co)2(Ti,Mo). Both Ti and Mo show identical elemental percentages in this stage of 

aging, which suggests that the eventual Ni and Ti rejection during the formation of 

ellipsoidal Mo precipitates is delayed by the addition of a solution heat treatment step in 

Figure 4.13. (a) Reconstructed 3D elemental distribution maps combining Ni, Ti, and Mo 
rich precipitates. Statistical proximity histograms for (b) Ni-Ti-based Ni3Ti precipitates 
considering the surface value of 4.82 at. % Ti, and (c) Mo-based (Fe,Ni,Co)2(Ti,Mo) con 
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HT3. This agrees with the lack of Mo-rich clusters and major precipitation of Ni3Ti in HT2, 

consequently leading to austenite reversion. 

4.4 Mechanical Properties 

Figure 4.14 depicts the nanoindentation results across the interfaces of the as-built and 

heat-treated conditions. The initial cross-section after LPBF shows a continuous 

microhardness transition, with an average of 445 ± 8 HV and 493 ± 8 HV for the CoCrMo 

alloy and maraging steel regions, respectively. The formation of a single-phase fcc solid 

solution at the interface enhances the compatibility of the two alloys, eliminating the need 

for a gradual composition transition. The absence of unusual hardness spikes or soft regions 

indirectly invalidate brittle intermetallic precipitation or formation of unwanted phases 

which can arise from compositional blending. Despite the inherent transient heating 

Figure 4.14. Hardness variation in the transition zones of as-built and heat-treated 
specimens. 
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periods and the presence of vigorous Marangoni convection at the interface, the fusion 

region only spans ~250 μm (around 5 layers) and agrees with the EBSD results in Figure 

4.2 .  

After HT1, stress-relief is attained in CoCrMo and led to a decreased average hardness of 

355 ± 6 HV while maraging steel undergoes strengthening precipitation that considerably 

increased the average hardness to 778 ± 8 HV. The joint tensile specimen had a marked 

increase in elongation to 40.7 %, while the ultimate tensile strength is sustained at 1149 

MPa. The overall chemical and microstructural consistency in both alloys created a 

pronounced hardness difference across the α-γ phase boundary. The suppression of 

austenite reversion also contributed to minimal hardness deviation throughout the 

specimen. The observed hardness increase in the maraging steel region correlates with the 

Mo-rich clusters in Figure 4.5, and the values remained comparable to the 820 ± 48 HV in 

HT2 that contains Ni,Ti-rich precipitates instead. HT2 also had a slightly elevated hardness 

of 474 ± 35 HV in CoCrMo due to the emergence of ε-hcp bands. Considerable 

microhardness fluctuations were recorded across ~400 μm in the HT2 interface, which 

reveals the complex interplay of discontinuous lath formation, austenite reversion and 

retention in the maraging steel region against the partial cell disintegration, non-uniform 

grain morphology, and massive transformation in the CoCrMo region. Although this 

condition attained the highest microhardness average in the maraging steel region, some 

level of solution treatment will be mandatory if a more stable or an isotropic component is 

desired. 

In an attempt to improve mechanical properties for both alloys in HT3, a moderate average 

microhardness increase to 460 ± 24 HV and 794 ± 28 HV was detected in the CoCrMo and 
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maraging steel regions, respectively. Reasonable deviations were observed away from the 

interface, which is attributed to suppression of austenite reversion and cellular dissolution 

in maraging steel and evenly sized grains and ordered precipitation in CoCrMo.  

Representative engineering stress-strain curves of dual-component tensile coupons for all 

conditions are also presented in Figure 4.15. The combined as-built tensile specimen 

revealed an ultimate tensile strength of 1162 MPa and elongation of 16.4 %, which are 

intermediate values that lie between the strength and ductility of the base alloys [11]. A 

marked increase in ductility to 40.7 % was acquired in HT1 since the effects of segregation 

and residual thermal stresses have been mitigated. The tensile strength is also sustained at 

1149 MPa despite the distinct phase boundary produced in the interface. For applications 

where a high ductility is unnecessary, both HT2 and HT3 demonstrated enhanced 

mechanical properties compared to the as-built specimen. Specifically, the tensile strength 

for HT2 was recorded at 1489 MPa with a ductility of 17.8%, while HT3 showed the 

highest strength of 1511 MPa and a better ductility of 21.2 %. Although HT2 manifested 

the highest hardness values and confirmed dominant Ni3Ti precipitation in the maraging 

steel area, as evidenced by TEM and APT analysis, HT3 still had the superior overall 

properties. This is attributed to the additional strength provided by the considerable ε-hcp 

transformation in CoCrMo which influenced the subsequent void nucleation and 

coalescence. By cooperatively exploiting transformation and precipitation mechanisms in 

both regions, better overall strength and ductility was attained. It is important to recognize 

that the primary objective of the applied treatments is not to modify the tensile properties 

of the combined material but to introduce beneficial improvements in the distinct 

mechanical properties of the base alloys. While it is still vital that the joining properties 
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remain intact for all treatment conditions, there exists a narrow scope of potential 

applications for the combined component where the most critical mechanical property will 

be the overall tensile characteristics. 

4.5 Discussion 

In previous works on multi-material AM components, the compatibility of CoCrMo alloy 

with a wide range of alloys like Ti6Al4V [40], IN718 [41], 410 SS [42], and others has 

been demonstrated. In this study, continuous printing with maraging steels showcased that 

thermal property and phase resemblance during melting (i.e. both fcc) led to consistent 

melt pool characteristics despite the use of a sharp chemical composition transition and 

continuous processing parameters. Focusing on the transition zone reveals the influence of 

Figure 4.15. Engineering stress-strain curves from uniaxial tests performed on as-built and 
heat-treated specimens. 
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chemical diffusion, vigorous convective flow, and mutual redeposition to subsequent heat 

treatment.  

One limitation in maraging steel phase transformation investigation is that it solidifies to 

single phase bcc after printing. However, local strain and alloy inhomogenities hindered 

complete transformation near the interface, allowing the retention of some information 

about the parent morphology. While HT2 and HT3 employ combined solution and aging 

temperatures, the phase distribution in the transition zone allows a new perspective on 

martensitic variant formation in AM components, as discussed below.  

4.5.1 Variant Selection during phase transformation in LPBF maraging steels 

During martensite nucleation in low-carbon maraging steels, laths that originate from the 

same austenite grain will seek a final orientation that accomodates the overall minimum 

energy after transformation [43]. This results to a random configuration of product 

orientations that have identical odds of aligning with any 12 or 24 possible variants when 

either the NW or KS OR is satisfied. Normally, groups of laths with similar orientation 

make up blocks, while blocks with the same habit plane arrange into packets, forming the 

hierarchical packet-block-lath structure originally identified by Krauss [44]. Rapid cooling 

rates during LPBF also convert the melt pool to a fully martensitic matrix after 

solidification. However, packet and block boundaries are difficult to distinguish from the 

cellular structure. This prevents the straightforward identification of prior austenite 

morphology and texture information during EBSD analysis, prompting the need for parent 

reconstruction algorithms. Although the currently available pixel and grain-based 

reconstruction methods have improved in computational efficiency [30,45] and 

demonstrates good applicability to AM structures (most of which show the columnar nature 
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of melt pools prior to solidification [29,46]), the following limitations are still a point of 

contention: 

 Every captured pixel orientation can be linked with any of the 12/24 possible 

variants and reconstruction can't fully predict the preferred austenite texture prior 

to transformation. 

 Crucial insights from KAM distribution and special boundaries will not be 

available from parent reconstruction, rendering the investigation of dislocation 

density generated during printing difficult. It is also impossible to distinguish the 

influence of residual strains from cyclic heating to the lattice distortion associated 

with martensitic transformation from the original KAM maps. In particular, the 

lattice invariant shear generates an array of screw dislocations while entangled 

dislocations are inherited from the austenite matrix prior to transformation [47]. 

 The certainty that the theoretical orientation relationship holds despite the repeated 

phase reversion of the matrix to austenite due to iterative laser melting and 

solidication can not be guaranteed. 

However, the retention of melt-pool-shaped austenite islands at the interface in this study 

provides a rare opportunity to perform a deeper investigation on the governing phase 

transformation mechanisms during printing without using reconstruction. The single parent 

orientation observed from the austenite island restricts the possible orientations of 

surrounding products to 12/24. Since the phase boundaries found in the interface in this 

study also satisfy the KS and NW relations within a 5° deviation, grain-scale variant 

analysis can be performed to relate the retained austenite orientation with the surrounding 

martensite. The observed texture inheritance can then be related to other parameters that 
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influenced the transformation dynamics, such as variable heating gradient in the melt, 

compositional variation, and segregation of austenite stabilizing elements along cell walls. 

Figure 4.16 presents the variant analysis of representative grains A and B in the as-built 

sample highlighted in Figure 4.2, featuring columnar grains in the interface that contain 

austenite islands. The fcc-phase regions have a preferred texture along <110> // BD, while 

the transformed bcc-phase regions were aligned along the <111> // BD and <100> // BD.  

The columnar sections were grouped based on orientation spread, and the average fcc 

orientation was used as basis in categorizing bcc laths to include in variant analysis and in 

predicting all theoretical variant orientations. Grain A near the melt track has an average 

austenite Euler orientation of φ1 = 117°, ϕ2 = 46°, and φ3 = 55°, with a mean deviation of 

3° while grain B near the center of the melt pool has an average austenite orientation of φ1 

= 89°, ϕ2 = 43°, and φ3 = 1°, with a mean deviation of 4°. Figure 4.16a and 4.16d depict 

the pole figure representation of the {100}γ orientations in the respective grains, revealing 

a low deviation. The corresponding martensite {100}α orientations within each austenite 

grain were also projected and colored in gray in pole figures in Figure 4.16b and 4.16e. A 

comparison with the previous {100}γ pole figures reveal that the {100}α projections 

surround the {100}γ positions and form localized orientation clusters, indicating that a 

transformation relationship is preserved within the grain. To investigate the orientation 

distribution between the two phases, Figure 4.16e and Figure 4.16f compare the positions 

of predicted variants (governed by the aforementioned ORs) against the experimental 

martensite orientations. Also included are the KS and NW variants represented by blue 

circles and red triangles, respectively. The Bishop-Hill nomenclature [48,49] was used to 

label the KS variants, wherein each variant is classified based on the densely-packed 
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{111}γ plane parallellism condition. The letters a, b, c, and d are designated to the (111), 

(1 1 1), (111), and (111) planes, respectively while the subscripts I, II, and III denote the 

Burgers vectors corresponding to type <011>, <101>, and <110> directions, respectively 

[48,49] . The {100}α in gray are then superimposed on the predicted variants. The entire 

pole figure was rotated so that the [110] and [112] planes of the γ projections are oriented 

along the x- and y-axes, respectively. This arrangement provides a clear illustration of the 

variant distribution using the three Bain circles surrounding the γ projections [43]. 

Grain-scale variant selection is already evident near the melt track in Section A (Figure 

4.16a), where none of the {100}α projections coincided with six KS variants (-aII, -dII, aII, 

dII, -dI, -aI) and two NW variants (1 & 12). Closer to the center of the melt pool in Section 

B (Figure 4.16d), fewer KS variants (aI, -aII, aII, -aI) and only the NW variant 1 are 

missing. Previous studies have linked variant selection to plastic deformation substructures 

and slip activity [50]. However, the preliminary findings in this study show that residual 

stress and recoil pressure from thermal cycling can also contribute to this phenomenon. 

The Marangoni flow driven by surface tension differences also appears to alleviate variant 

selection during solidification, since fewer variants are missing at the edge of the melt pool 

compared to the center, and a more vigorous convective flow and high thermal gradient is 

expected at the edges. Studies in melt flow physics [51] have subdivided the melt track 

according to the predominant forces acting in various regions, namely the `depression 

region` set at the laser spot (Grain A) and the ̀ tail end` region located at the end of the melt 

track (Grain B). This classification can be relevant to the variant selection observed in this 

study, since recoil forces are more dominant in the depression region corresponding to 
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grain A (where variant selection is more severe) compared to the tail end region where 

surface tension is more dominant, corresponding to grain B. 

Additionally, some {100}α projections preferentially aligned with specific variants in both 

A and B, with certain measurements spread considerably far from the Bain Circle 

Figure 4.16. Pole figure analysis of Grain A (a-c) and Grain B (d-f) in as-built samples: (a, 
d) band contrast with fcc phase IPF color map (left) and corresponding {100}γ pole figures 
(right), (b, e) band contrast with bcc phase IPF color map (left) and corresponding {100}γ 
pole figures (right), (c, f) band contrast with phase map (left) and comparison of {100}α to 
the predicted K-S and N-W variants projected along the {111}γ plane. 
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predictions. Previous welding simulations have reported no variant selection despite a high 

cooling rate [52]. However, this study shows that if the solidification involves repeated 

reversion and limited transgranular transformation, which is the case for LPBF, the laths 

can assume final orientations that have considerable discrepancy from the expected plane 

and direction parallelism conditions. 

Only HT2 and HT3 exhibited the presence of retained/reverted austenite within martensitic 

grains, which is necessary for variant analysis without reconstruction. Accordingly, Figure 

4.17 showcases the variant analysis of two representative grains: Grain C from the HT2 

interface in Figure 4.8 and Grain D from the HT3 interface in Figure 4.12. The austenite 

regions within grain C had an average orientation of φ1 = 1°, ϕ2 = 42°, and φ3 = 6°, with an 

average spread of 5°. The columnar morphology from AM is retained in HT2 since the 

solution treatment step is skipped. Interestingly, not only did the cell structure in HT2 

persisted but they also inherited some of the missing variants from the as-built samples. 

Similar to grain A, four KS variants (a1, -aII, aII, dII) and NW variant 1 did not coincide 

with any of the {100}α projections. On the other hand, the austenite regions in grain D had 

an average orientation of  φ1 = 320°, ϕ2 = 35°, and φ3 = 80° with an average spread of 4°. 

The surrounding martensitic laths in HT3 did not resemble the prior cellular structures and 

exhibited a random orientation configuration despite the presence of retained austenite. 

Moreover, the {100}α projections are evenly distributed among all 24 KS variants and 12 

NW variants, eliminating any hints of variant selection. The analysis reveals that 

recrystallization and complete solution treatment above the Ae3 line is necessary to allow 

the formation of all possible lath configurations in approximately equal volume fractions. 
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Austenitizing beyond the Ae1 boundary in HT2 is inadequate in preserving all potential 

martensitic variants.  

 

4.5.2 Comparison of three heat treatment schedules 

Figure 4.17. Pole figure analysis of Grain C (a-c) from HT2 and Grain D (d-f) from HT3: 
(a, d) band contrast with fcc phase IPF color map (left) and corresponding {100}γ pole 
figures (right), (b, e) band contrast with bcc phase IPF color map (left) and corresponding 
{100} α’ pole figures (right), (c, f) band contrast with phase map (left) and comparison of 
{100}α’ to the predicted K-S and N-W variants projected along the {111}γ plane. 
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While HT1 is a solution treatment previously applied to CoCrMo alloys, the impact of 

prolonged exposure at elevated temperatures has relatively been unexplored for maraging 

steels made with L-PBF. Previous studies have identified the considerable influence of 

increasing the austenitizing temperature to grain size [53], which was also confirmed 

through morphological and crystallographic comparison in this study. The continuous 

phase boundary in HT1 also suggests that achieving a consistent interface in a multi-

material structure requires both adequate exposure times and sufficiently high temperatures 

to counteract the segregation effects prompted by the solidification conditions. The 

influence of solution treatment to the nucleation of intermetallic precipitates in maraging 

steel was also revealed, showing a single phase matrix with Mo-enriched clusters. 

In HT2, enhanced mechanical properties and a marked increase in hardness were observed 

due to a combination of dispersed acicular precipitates that trigger secondary hardening 

and the presence of thermally stable reverted austenite that contributes to enhanced 

toughness and strain induced hardening [54]. The emergence of Ni- and Ti-rich precipitates 

is coherent with the bcc phase and provides additional energy in impeding dislocation 

movement [7], which in turn facilitates preferential nucleation and subsequent alloy 

depletion upon continued aging. Chemical segregation remains evident close to the 

interface, promoting preferred austenite growth in regions with Co and Cr amounts above 

the bulk composition. Although other reports on cell wall segregation did not necessarily 

convert to fcc phase after solidification [55], the rearrangement of dislocation forests 

further led to fragmented lath formation. Investigations on austenite reversion at elevated 

temperatures differentiated the role of substitutional elements to the rate of austenite 
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stabilization with the role of interstitial movement with intermetallic precipitation and 

dislocation distribution [56,57].  

HT3 principally employed a dual-stage solution treatment to maraging steel with the 

objective of optimizing the properties of the CoCrMo region. The unintended benefit of 

extending the solution treatment is the stabilization of Ni3Ti precipitates, which coexisted 

with Mo-rich precipitates. A better overall strength and ductility is achieved by maximizing 

strengthening mechanisms from both alloys. The examination of the maraging steel region 

also revealed acicular and ellipsoidal precipitates within a single-phase matrix. 

4.6 Conclusions 

This work analyzed the impacts of continuous LPBF and heat treatments on the mechanical 

behavior and microstructural characteristics of a CoCrMo alloy-maraging steel dual 

structure. The main conclusions are summarized as follows: 

 The transition zone of as-built specimens exhibited phase compatibility, 

fragmented lath formation and austenite retention in Co and Cr rich regions, 

creating the ideal environment for γ-α’ phase transformation investigation. Thermal 

cycling triggers grain-scale martensite variant selection and considerable deviation 

from the Bain Circle predictions, attributed to residual stress and recoil pressure 

that is aggravated in the center of the melt. This phenomenon is alleviated close to 

the melt pool boundaries due to vigorous convective flow. 

 Prolonged solution treatment and aging in HT1 (1150 °C for 6 hrs + 490 °C for 6 

hrs) generated coherent twins and enhanced ductility in CoCrMo. Ellipsoidal Mo-

rich precipitates and substantial lath size evolution are also observed within 
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maraging steel. A distinct fcc-bcc phase boundary emerged in the transition zone 

due to chemical homogenization. 

 Peak strength in the maraging steel region is achieved during HT2 (940 °C for 2hrs 

+ 490 °C for 6 hrs), primarily due to Ni3Ti precipitation. However, Ni depletion 

and non-uniform chemical distribution leads to austenite reversion and 

disappearance of the same variants that are absent in the as-built sample. A two-

hour aging treatment at 940 °C is sufficient for γ-ε massive transformation to occur 

within CoCrMo. 

 HT3 (1150 °C for 2 hrs + 940 °C for 5 hrs + 490 °C for 6 hrs) generated the 

smoothest end-to-end composition, texture, and hardness variation among all heat 

treatment schedules, which is correlated with the dissolution of cellular structures 

and complete martensite variant evolution. Achieving the highest tensile strength 

is attributed to cooperative strengthening from intermetallic precipitation in 

maraging steel and significant γ-ε transformation in CoCrMo.  

 A uniform chemical distribution in the matrix mitigates the occurrence of austenite 

reversion and overshadows the influence of precipitation-induced alloy depletion 

on austenite transformation.  
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Background 

Optimizing the heat treatment schedule for the multi-material component revealed 

microstructural changes and interface dynamics that were not expected from the individual 

alloys. The heat treatment schedules applied have shown both advantages and 

disadvantages when focusing on the target properties for each alloy. Moreover, the printing 

process causes solute segregation and the rapid solidification of thin layers which result in 

intriguing properties. The initial microstructure's significance becomes more pronounced 

following heat treatment, during which unforeseen phase transformation mechanisms can 

occur at various temperatures or exposure times.  

Considering the current gaps in knowledge regarding the effects of aging temperature on 

the properties of additively manufactured structures, this chapter is focused on 

investigating the transformation behavior and precipitate formation for one of the powder 

components: the Co-30Cr-7Mo alloy. This chapter provides an in-depth examination of 

texture evolution, twin formation, strain distribution, and grain boundary migration under 

varying heat treatment conditions. Unique to this work, the simultaneous occurrence of two 

types of phase transformation mechanisms have been verified through carbide 

precipitation, thin-band formation and pole figure representation of multi-phase orientation 

relationships.  
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This section has been published: J. Pasco, L. Jiang, T. Dorin, A. Keshavarzkermani, Y. 
He, C. Aranas, Phase transformation in additively manufactured CoCrMo alloy after 
solution and aging heat treatment, Mater. Charact. 207 (2024) 113467.  

Abstract  

The unique structure and solute distribution of CoCrMo alloys produced using Laser 

Powder Bed Fusion (L-PBF) technique require custom heat-treating processes to achieve 

the targeted phase distribution and mechanical properties. The rise of multi-material 

additively manufactured structures also prompts further study at temperatures beyond 

standard aging and solution treatment conditions. In the present study, the phase 

transformation behavior, precipitate distribution, and γ-ε phase boundary orientation 

relationships of as-printed and solution heat-treated CoCrMo samples after aging heat 

treatment at 940 °C were investigated. The results show a higher ε-phase fraction of 71.2% 

in directly aged samples compared to 49.2% in solution heat-treated samples. This 

discrepancy is attributed to band-like isothermal transformation, coherent grain face 

massive transformation, and recrystallization. Carbide nucleation sites shifted from 

disintegrated cellular structures in directly aged samples to grain boundaries and twin 

interfaces in solution-treated samples. The presence of transgranular ε-phase bands and 

adjacent grains with analogous orientations observed after direct aging were linked to the 

weak <110> // BD and <111> // BD texture after printing. Tensile tests demonstrated an 

increase in tensile strength from 1162 MPa to 1261 MPa after direct aging, while 

significant enhancement in ductility from 16.4% to 26.1% was attained after solution heat 

treatment. While direct aging is more suitable for applications requiring high strength and 

wear resistance, solution heat treatment is advantageous when a consistent morphology and 

stress-free isotropic structures are desired. 
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5.1 Introduction  

The technological maturation in additive manufacturing (AM) and the adoption of metallic 

components made by AM have gained significant momentum recently, due to its 

advantages such as near-net-shape, rapid prototyping, intelligent manufacturing, low 

energy and environmental costs, etc. [1]. Examples of common AM materials include 

corrosion-resistant alloys such as stainless steel, titanium, nickel, and CoCr [2–4]. CoCr 

alloys, in particular, are commonly employed in mechanical contact applications such as 

aircraft engines, thermal barrier coatings, artificial joints, and surgical implants, due to their 

balanced mechanical properties, self-polishing ability, biocompatibility, and resistance to 

corrosion and wear [5–7]. However, traditional methods of manufacturing CoCr alloy 

components, such as casting and powder metallurgy, suffer from the high costs associated 

with the design and manufacturing of the dies and the difficulties to rapidly change the 

designs. Additionally, the high hardness and wear resistance of these alloys make 

machining very challenging.  

The metastable γ-fcc phase of Co-based alloys can be converted into a harder, more wear-

resistant ε-phase (hcp) through a number of ways: athermal transformation by rapid 

quenching [8], low-temperature isothermal annealing [9], deformation-induced displacive 

mechanism [10,11], or short-range diffusion via massive transformation [12]. Considerable 

ε-phase formation in wrought and cast CoCrMo-C alloys has been documented only after 

long aging conditions, with complete transformation after 15-25 hours [13]. It should be 

noted that not all CoCr alloys are subjected to such heat treatments, particularly when high 

strength is a primary consideration. Nevertheless, the transformation mechanism of AM 

structures features solute segregation along cellular boundaries, enabling fast saturation 
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and linear interface-controlled growth through thermally activated jumps across incoherent 

interphase interfaces with very short incubation times of approximately 0.25-0.5 hours 

[14]. 

The concept of hybrid material processing, which merges multiple materials to satisfy 

various environmental conditions within a unified structure, has recently sparked interest 

in the research of AM components [15–17]. While these multi-material structures feature 

a synergistic combination of alloy properties, a strategic dilemma should not be overlooked 

in the post-processing heat treatment of these components. For instance, a CoCrMo alloy 

has been utilized as a wear-resistant, functionally graded coating on a Ti6Al4V base using 

Laser Engineering Net Shaping, creating metal-on-metal prosthetic devices [18].  

However, the aging treatment for CoCrMo has similar temperature conditions for solution 

treatment of Ti6Al4V (40-100 °C below the β transus temperature of ∼ 980 °C) [19]. This 

means that the proportion between the α+β phases in Ti6Al4V should be balanced with the 

γ-ε transformation in CoCrMo during treatment. The researchers in this study also 

investigated the feasibility of continuous printing of two distinct alloys, maraging steel and 

CoCrMo alloy, through the L-PBF process [20]. The conditions in the current study will 

be at the upper range of what is typically used in isothermal ε-phase transformation for 

CoCrMo (750-950 °C). Although favorable interfacial properties have been demonstrated, 

the precise transformation mechanism and the precipitation phenomenon have not been 

studied, which warrants further investigation. 

Given the limited understanding of how the aging temperature impacts the material 

properties of AM structures, this study aims at exploring the transformation behavior and 

precipitate formation in both as-printed and solution-treated CoCrMo alloy samples 



 

139 

produced using L-PBF. The investigation includes a comparison of characteristic 

microstructure, phase formation, grain morphology, strain distribution, precipitate 

distribution, and ε-phase orientation during aging under different initial microstructural 

conditions. The phase morphology and preferred nucleation sites for ε-phase structures are 

revealed using electron backscatter diffraction (EBSD) and scanning electron microscopy 

(SEM). The transformation mechanism is then elaborated based on orientation analysis and 

precipitate distribution. 

5.2 Materials and Methods 

5.2.1 Material 

The CoCrMo alloy investigated in this research was manufactured by voestalpine Additive 

Manufacturing Center Ltd. in Mississauga, Ontario, Canada, utilizing gas-atomized 

powders with particle sizes between 15 and 45 μm. The flow rate of the feed powder was 

determined to be 3.4 s/50 g, in accordance with the ASTM B964-16 standard, while the 

apparent density was measured at 3.68 mg/mm3, following the ASTM B417-18 standard. 

The component was produced using L-PBF on an EOS M290 device equipped with a 400 

W laser system with a layer thickness of 50 µm and energy density of ∼ 55 J/mm3. The 

chemical composition of the as-built specimen was measured through inductively coupled 

plasma (ICP) analysis with combustion methods and is listed in Table 5.1.  

Table 5.1. Chemical composition of as-built CoCrMo (all values are in wt. %) 

 

 

Material C Cr Si Mn Mo Ni Fe N Co 

CoCrMo 0.11 28.01 0.73 0.44 5.64 0.10 0.43 0.22 Balance 
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5.2.2 Heat Treatment 

Three different heat treatment conditions were applied to the as-printed (AP) samples using 

a tube furnace with ±5 °C accuracy. Single differential scanning calorimetry studies of 

CoCrMo AM samples in [21] have observed two endothermic sharp peaks at 965 °C and 

1139 °C, which are related to the ε-phase transition and dissolution of precipitates, 

respectively. Further, isothermal testing has shown remarkably faster transformation rates 

at 900°C (75% after 0.5 hr, 87% after 4 hr) when compared to 750°C (59% after 0.5 hr, 

64% after 4 hr) for SLM samples. Previous isothermal tests were performed close to 800-

850 °C as this is where the nose of transformation curves for as-cast and wrought alloys 

lies [13]. To investigate the accelerated transformation rates observed in AM samples, this 

study was conducted at a slightly elevated temperature. 

Additionally, solution treatment typically increases the number of possible nucleation sites 

in forged alloys through incoherent twin boundaries and twin-twin intersections [22]. 

However, it's unclear how this translates to AM samples, given that such treatments could 

counter the alloy segregation driving massive transformation. A secondary objective of this 

study, therefore, was to analyze the interplay between isothermal and massive 

transformations. The hourly progression of these transformation types in solution treated 

samples were studied using EBSD.  

Representative as-printed CoCrMo samples underwent a combination of solution and aging 

heat treatment. The heat treatments were carried out in a vacuum of 10−5 bar pressure in a 

tube furnace. For the solution heat treatment, the samples were heated to 1150 °C for 2 

hours with a heating rate of 5 °C/s (since the solution temperature for CoCrMo is above 

1100 °C) and quenched with water, which was labeled as SHT. Subsequently, both the as 
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printed and SHT samples were subjected to an aging heat treatment at 940 °C for 5 hours, 

with the same heating rate of 5 °C/s and quenched with water. The aged samples directly 

from L-PBF and from initially solution heat-treated are referred to as DHT and SAHT, 

respectively. In summary, there are four different conditions for the samples: as-printed 

(AP), solution heat-treated (SHT), aged (DHT) and solution + aged (SAHT). 

5.2.3 Materials Characterization 

The phase morphology and distribution of precipitates in the CoCrMo samples fabricated 

using L-PBF were characterized using optical microscopy (OM), SEM, and EBSD. 

Samples were machined parallel to the building direction and underwent mechanical 

grinding and polishing for metallographic preparation. The as-printed samples were 

electrochemically etched in a 10% H2SO4 and CH3OH solution under 6V for 25 s at 

ambient temperature. For the rest of the heat-treated samples, electrochemical etching was 

performed using a HCl acid and H2O2 solution (20:1) under 4V for 5–10 s [23]. To obtain 

phase distribution, crystallographic orientation, and solute distribution, EBSD and energy 

dispersive spectroscopy (EDS) were conducted. These samples underwent an additional 

stage of polishing using a 0.02 μm silica suspension in a Buehler VibroMet 2 polisher for 

2 days. EBSD scans were performed with a ThermoFisher Scios 2 SEM equipped with an 

EBSD detector. Kernel average misorientation (KAM) maps were used to characterize the 

distribution of internal strains, considering misorientation angle averages below 5°. A 

custom Matlab code incorporating the MTEX software was developed to predict the ideal 

orientations of ε-phase necessary to exhibit the Shoji-Nishiyama orientation relationship 

with the mean γ-phase orientation. Pole figures were also presented to compare the 

orientations observed during fcc-hcp transformation under all conditions. 
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Examination of X-ray diffraction (XRD) spectra was also conducted on all samples using 

a Bruker D8 Advance spectrometer, employing Cu-Kα radiation aligned perpendicular to 

the building direction. A scan range of 30-60˚ (2θ) was used while operating at 40 kV and 

30 mA at a step size of 0.02˚ and dwell time of 1 second. The volume fractions of the γ and 

ε phases were estimated from the {1011}ε (46-48°) and {200}γ (51-53°) XRD peaks using 

the proposed procedure by Sage and Guillaud [24]: 

%փվ֋ =
𝐼փվ֋

φЈφφ

1.5 ∗ 𝐼ցվվ
ϵЈЈ + 𝐼փվ֋

φЈφφ
 

 [1] 

where 𝑓௛௖  is the fraction of ε-phase, and I are the integrated intensities under the associated 

XRD peaks.  

To investigate the changes in mechanical properties after printing and after heat treatment, 

uniaxial tensile tests were conducted for each condition. Tensile tests were carried out in 

compliance with ASTM-E8 guidelines, utilizing an Instron 1332 machine equipped with a 

50 kN load cell. All uniaxial tests were performed at a uniform strain rate of 0.005 s-1. 

5.3 Results 

5.3.1 Initial microstructures of the as-printed and solution-heat-treated CoCrMo 
samples 

The microstructures of the AP and SHT samples are shown in Figure 5.1. The AP samples 

displayed characteristic L-PBF structures with continuous melt tracks. The average width 

and depth of the tracks are 151 ± 19 μm and 101 ± 16 μm, respectively (Figure 5.1a). As 

more layers were melted, the fast solidification rate and steep thermal gradient facilitate 

the epitaxial formation of columnar structure. The blue lines in Figure 5.1b, similar to what 

was observed in [25], exhibit multiple parallel bands of ε-phase that terminate mostly inside 
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grain boundaries but can also extend across cell walls and melt tracks. This periodic lath 

structure induces gradient strains within grains and may maintain a specific orientation 

relationship with the surrounding matrix. The structure's identification as ε-phase is later 

confirmed by KAM maps and agrees with the 15.6 % ε-phase percentage calculated from 

the {1011}ε and {200}γ XRD peaks in Figure 5.2 using the Sage-Guillaud's method [24]. 

At high magnifications, the microstructure also shows a combination of fine spherical cells 

with an average diameter of ∼0.9 ± 0.2 μm and wall thickness of ∼.08 ± .02 μm mixed 

with elongated structures that trace the radial heat profile. Fine precipitates that show as 

bright spots are marked by red circles in Figure 5.1c and are exclusively distributed in the 

cellular boundaries. The EDS data, along with the average composition of the precipitates 

situated along the cell walls (points 001-010) compared to the matrix (points 011-020) are 

Figure 5.1. Initial microstructure of CoCrMo alloys in low (a, b) and high (c) 
magnification: As-printed microstructure is shown in (a) melt pools, (b) martensitic laths, 
and (c) precipitation along cell walls. The average composition of precipitates along cells 
walls (points 001-010) and the cell matrix (points 011-020) are summarized in Table 2. 
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shown in Table 5.. A high content of Mo, Si and C is noticed, which is indicative of M23C6 

carbides. 

Table 5.2. EDS point analyses showing solute segregation in at. % (min. 10 points) 

 

   
Co Cr Mo C Si Mn 

A
P 

cell walls 57.0 ± .8 28.9 ± .7 5.2 ± .3 4.4 ± .2 3.2 ± .3 0.8 ± .2 

cell interior 58.3 ± .9 33.0 ± .5 4.1 ± .4 1.0 ± .1 2.4 ± .1 0.8 ± .1 

D
H
T 

precipitates 52.8 ± .8 28.2 ± .6 7.9 ± .6 5.7 ± .4 4.5 ± .1 0.5 ± .2 

matrix 58.9 ± .7 32.1 ± .8 4.2 ± .5 1.4 ± .2 2.6 ± .2 0.4 ± .1 

S
A
H
T 

precipitates 55.6 ± .6 29.7 ± .4 5.9 ± .4 5.4 ± .2 2.3 ± .3 0.8 ± .1 

matrix 59.8 ± .4 32.0 ± .3 4.2 ± .3 1.0 ± .1 2.3 ± .1 0.5 ± .1 

Figure 5.2. Comparison of XRD spectra obtained from the AP, SHT, SAHT and DHT 
samples. 
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The EBSD results in Figure 5.3 also reveal that the rapid solidification process produced 

irregular grains with 31% low-angle grain boundaries (LAGBs) and a small fraction of Σ3 

special boundaries. Smaller grains with low aspect ratio are observed near the melt pool 

core in Figure 5.3a, while columnar grains with a weak <110> // BD and <111> // BD 

texture exhibit epitaxial growth. Parallel striations inside some grains are confirmed by the 

pattern quality (PQ) maps in Figure 5.3b, which resembles the bands observed in Figure 

1b. Although the results showed a fully γ-phase structure, local strain accumulation due to 

thermal fluctuations during solidification resulted in faint indications of small orientation 

changes scattered throughout the microstructure. Parallel strain localization in some 

subgrains with low KAM angles of up to 3° observed in Figure 5.3c may indicate the 

Figure 5.3. EBSD Analysis of an AP sample: (a) Inverse pole figure color map for 100 % 
fcc structure, (b) band contrast maps with LAGBs and CSL boundaries, (c) Kernel average 
misorientation map, and (d) corresponding IPF representation and misorientation angle 
distribution.  
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presence of ultra-fine ε-hcp strips, but the phase detection was limited by the EBSD step 

size of 0.2 µm. 

On the other hand, the SHT samples in Figure 5.4a and Figure 5.4b show the transformation 

to a heavily twinned morphology without the previous cellular structure. The melt pools, 

martensitic laths, and previous sites for chemical segregation vanished and were replaced 

by equiaxed polygonal grains that contain multiple annealing twins and no precipitates. 

EBSD analysis in Figure 5.5 shows a polygonal γ-fcc phase structure with twin boundaries 

at a misorientation axis-angle of <111> 60° that indicates the conditions for Σ3 special 

grain boundaries (GBs). After SHT, the (1011), (1120), and (1012) ε-phase XRD peaks in 

Figure 5.2 have also disappeared completely. Additionally, the KAM map in Figure 5.5c 

shows the disappearance of lamellar patterns that previously formed due to local 

misorientation concentration inside the FCC grains after printing. Most regions exhibited 

low KAM values due to internal stress relief, and the results suggest the occurrence of static 

recrystallization during heat treatment, as evidenced by the uniform grain size of ∼34.8 ± 

2.7 µm and absence of previously observed LAGBs.  

Figure 5.4. Initial microstructure of CoCrMo alloy in low (a) and high (b) magnification: 
equiaxed microstructure and annealing twins are shown for the solution heat-treated (SHT) 
sample. 
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5.3.2 Microstructure evolution of CoCrMo alloy upon isothermal aging 

The microstructure of AP and SHT samples resulted in different transformation behavior 

during subsequent aging at 940 °C. The DHT samples, as shown in Figure 5.6a, revealed 

the partial disintegration of the cellular structure and the disappearance of melt tracks. 

Parallel ε-phase striations densely populated the overall structure. In contrast to the AP 

samples where the bands mainly stayed within the grains, transgranular bands can be 

observed in Figure 5.6b, indicated by the red rectangle. These bands also influenced the 

decomposition of cell walls, leading to the formation of elongated precipitates along the 

band direction, as marked by red arrows. Inside the grains, parallel arrays of fine, spherical 

precipitates can be observed. These precipitates, with an average diameter of 0.4 ± 0.1 µm 

Figure 6. Microstructure of CoCrMo alloy after 5 hr. aging heat treatment at 940 °C: 
(a) trans-granular laths after direct aging (DHT), (b) ordered carbide precipitates after 
DHT. 

Figure 5.5. EBSD Analysis of an SHT sample: (a) Inverse pole figure color map for 100 % 
fcc structure, (b) band contrast maps with LAGBs and CSL boundaries, (c) Misorientation 
distribution along twin boundaries (left) and over-all IPF representation (right), and (d) 
Kernel average misorientation map with misorientation angle distribution. 
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and an area fraction of 12.4%, are particularly prominent in the crisscross intersections and 

thick bands, as indicated by the green arrows. EDS point analysis shows a higher 

percentage of Mo and C inside the precipitates, also identified as M23C6 carbides. The 

precipitates along the GBs showed a similar morphology to those in the matrix, but with a 

larger average diameter of 1.1 ± .2 µm. The initial composition of the alloy also indicated 

the presence of nitrogen, which inhibits the athermal martensitic transformation and favors 

the creation of nanoscale Cr2N precipitates within the γ matrix [26].   

The relationship between ε-phase laths and precipitate formation will be discussed later.  

The EBSD analysis results in Figure 5.7 indicate a more significant phase transformation 

in DHT samples compared to SAHT samples, with 73.6 % and 43.8 % ε-phase, 

respectively. The XRD peak analysis similarly shows that DHT has a higher amount of ε-

phase than SAHT, with 71.2% compared to 49.2%, respectively. The ε-phase grains of the 

DHT samples also display an irregular morphology with an average grain size of 11 ± 6 

µm, smaller than the average grain size of 21 ± 15 µm for the γ-phase grains. In addition, 

ε-phase grains contain a lower percentage of LAGBs (16.2 %) compared to AP samples. 

Untransformed γ-phase grains exhibit parallel ε-phase strips that coincide with the lath 

Figure 5.6. Microstructure of CoCrMo alloy after 5 hr. aging heat treatment at 940 °C: (a) 
trans-granular laths after direct aging (DHT), (b) ordered carbide precipitates after DHT. 
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arrays observed in the PQ map in Figure 5.7b, which suggests that the nucleation of ε-

phase begins as fine bands inside γ-phase grains. The KAM maps in Figure 5.7c reveal 

little to no misorientation in hcp grains and high KAM values that are lamellar and 

heterogeneously distributed in γ-phase grains. However, low KAM angles of up to 2° are 

still present in the FCC grains, likely due to the existence of ultra-fine ε-hcp strips that have 

not yet undergone significant transformation.  

For SAHT samples, which started with the SHT microstructure, multiple parallel 

martensitic bands were observed within the grains, as marked by blue lines in Figure 5.8a. 

It was notable that a significant number of these bands originated near grain boundaries 

and grew continuously without crossing the interface. Carbide precipitation has also 

Figure 5.7. EBSD Analysis of the DHT sample: (a) Phase maps showing fcc and hcp 
structures, (b) pattern quality maps with LAGBs and CSL boundaries, (c) Kernel average 
misorientation maps, and (d) corresponding misorientation angle distribution. 
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reemerged throughout the microstructure, but at a lower rate (5.09 % area fraction) 

compared to DHT (12.4 %), which was shown in Figure 5.6b. As a result of chemical 

homogenization, the preferred sites for carbide precipitation changed from cellular walls 

to grain boundaries. Initially, round precipitates with an average diameter of 1.4 ± 0.6 µm 

exhibited unrestricted growth, which is marked by red arrows in Figure 5.8b. Continuous 

aging allowed the precipitates to extend along the GBs and form elongated structures with 

a high aspect ratio of 2.6 ± 1.2. Both round and elongated precipitates with an average size 

of 0.6 µm also grew in all directions within the grains. The EBSD results in Figure 5.9 

reveal the transformation to a block-type ε-phase originating from the GBs. The fully 

transformed hcp grains (43.8% phase fraction) had a similar grain size to the surrounding 

fcc grains (33 ± 14 µm and 31 ± 11 µm, respectively). Figure 5.9b also shows that the 

special Σ3 boundaries from SHT were preserved in the untransformed FCC grains but 

disappeared in the newly formed ε-phase grains. The presence of coherent interfaces with 

lower critical nucleation barriers such as annealing twins [27] allowed for additional sites 

for ε-phase nucleation, resulting in uniform transformation that extended across GBs and 

in all directions. Furthermore, The KAM maps in Figure 5.9d demonstrate that evenly 

Figure 5.8. Microstructure of CoCrMo alloy after 5 hr. aging heat treatment at 940 °C: (a) 
lath formation after solution and aging heat treatment (SAHT), and (b) GB carbide 
precipitation after SAHT. 
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distributed low angle misorientations are present on the new ε-phase grains that reemerged 

after stress relief during SHT, particularly on the γ-ε phase boundaries with incomplete 

transformation. Locally-distributed stresses were similarly observed in ε-phase structures 

during the aging treatment of CoCrMo alloy after solution heat treatment [12].  

Figure 5.10 compares the characteristic engineering stress-strain curves of prepared tensile 

samples from each condition. The heat-treated samples exhibited improved tensile strength 

and ductility compared to the as-built condition, which generally resembles the observed 

changes in microstructure. For the as-built samples, the tensile strength reached 1162 MPa, 

the 0.2% offset yield strength was 951 MPa, and the ductility measured at 16.4%. After 

undergoing solution heat treatment (SHT), the CoCrMo sample exhibited a marked 

increase in elongation (26.1 %) but maintained the tensile strength to 1151 MPa, although 

Figure 5.9. EBSD Analysis of the SAHT sample: (a) Phase maps showing fcc and hcp 
structures, (b) pattern quality maps with LAGBs and CSL boundaries, (c) Kernel average 
misorientation maps, and (d) corresponding misorientation angle distribution. 



 

152 

the yield strength decreased to 745 MPa. In contrast, the DHT specimen showcased the 

highest tensile strength of 1261 MPa, at the expense of ductility which decreased to 11.9 

%. A good balance between improved strength while sustaining sufficient ductility was 

observed in the SAHT sample, which displayed a tensile strength of 1197 MPa and 

elongation of 14.7 %. 

Figure 5.11 presents a closer look at the progress of carbide precipitation and isothermal 

transformation after 2 hr., 3 hr., and 4 hr. agi1ng of SAHT samples. The ε-phase 

percentages were measured as 5.2 %, 23.2 %, and 36.3 %, respectively. As aging 

progresses, a slight increase in grain size is observed for both the γ-phase and ε-phase. The 

grain size of the γ-phase changed to 24.2 ± 6 µm, 26.5 ± 9 µm, and 29.1 ± 9 µm for aging 

times of 2 hr., 3 hr., and 4 hr., respectively. Similarly, the grain size of the ε-phase changed 

to 7.1 ± 2 µm, 11.7 ± 6 µm, and 15.9 ± 8 µm, respectively. The analysis of phase maps 

Figure 5.10. Representative engineering stress-strain curves at different conditions. 
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revealed that both uniformly distributed annealing twins and grain boundaries serve as 

nucleation sites for the γ-ε phase transformation. These nucleation sites are characterized 

by low-energy coherent interfaces, initiating the transformation by lateral growth along the 

boundaries. However, as the transformation progresses, it extends in all directions inside 

the γ grains. Similarly, carbide precipitation begins near and inside grain boundaries but 

gradually spreads throughout the entire structure. Over time, thicker precipitates with a 

high aspect ratio develop along the grain boundaries. The isothermal transformation of ε-

phase structures as striations inside γ grains occurs periodically along {111}γ habit planes 

Figure 5.11. Analysis of ε-phase transformation progression over time for SAHT samples, 
illustrating 2 hr. aging (11a, 11d, 11g), 3 hr. aging (11b, 11e, and 11h), and 4 hr. aging (11c, 
11f, 11i). SEM images highlight carbide precipitation (11a-11c), phase maps showcase the 
isothermal transformation (11d-11f), band contrast maps with IPF color representation of 
hcp phases, highlighting ε-γ phase-boundaries that satisfy the Shoji-Nishiyama orientation 
relationship within 5° (11g-11i). 
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[28] . As a result, the phase boundaries °exhibit the Shoji-Nishiyama orientation 

relationship (S-N OR) [8,29] with a lattice correlation of:  

(111)γ-fcc || (0001)ε-hcp 

[112]γ-fcc || [1100]ε-hcp or [110]γ-fcc || [1120]ε-hcp 

The IPF map of ε phase was superimposed to the band contrast maps at different aging 

times (2 hr., 3 hr., and 4 hr.) in Figure 5.11g-5.11i, highlighting γ-ε phase boundaries that 

satisfy the S-N OR in red. It is observed that all ε-phase structures adhere to the S-N OR 

within a deviation of 5°, indicating a consistent transformation mechanism at low-energy 

twin interfaces and grain boundaries. As the transformation progresses, a random 

distribution of orientations and gradual growth can be observed, with most ε-phase bands 

inside a previous γ grain showing a preference for a single orientation. Interestingly, when 

ε-phase bands develop on opposite sides of a grain boundary, they tend to have different 

orientations. The growth direction occurs away from the boundary and merges with 

transformed twins until the γ grain is entirely converted. The orientation distribution allows 

the retention of the original γ grain boundaries even after the isothermal transformation 

took place. This also shows that the carbide formation along the grain boundaries had a 

considerable influence to the ε-phase growth mechanism.  

5.4 Discussion 

5.4.1 Comparison of the as-printed and solution heat-treated microstructures 

In order to establish a correlation between the resulting microstructure, precipitate 

formation, and phase distribution after aging of the CoCrMo alloys, it is important to first 

examine the differences in the initial conditions of the as-printed (AP) and solution heat-

treated (SHT) samples. Since L-PBF components are subject to cyclic thermal stresses 
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during printing, high residual stresses are accumulated as incremental layers are added over 

time in AP samples. Accordingly, a high density of low angle misorientations were 

observed in the KAM maps. The observed cellular network can thus be associated with 

dislocation tangles [30], with the cellular boundaries allowing for the concentration of 

solute elements like C, Mo, and Si. In addition, the repeated exposure to steep thermal 

gradients and fast solidification rates can lead to intrinsic heat treatment and trigger the 

formation of precipitates [1]. Figure 5.1c shows that the cell walls contain carbides 

enriched with Mo and C, which can alter the ε-phase transformation mechanism. The 

localized reduction in carbon content, which affects the stability of the γ-phase, is a key 

factor in turning carbide precipitation along grain boundaries into nucleation sites for 

isothermal ε-phase transformation. 

At high quench rates and with sufficient isothermal aging treatments below the critical 

temperature (Tc) of around 970 °C [13], the γfcc-εhcp martensitic transformation occurs in 

CoCrMo alloys. This transformation manifests as parallel striations of the ε-phase at 

specific orientations relative to the parent γ grain. Since the fcc and hcp stacking sequences 

have comparable lattice arrangements, the transition from γ to ε can be readily achieved by 

gliding of a/6 <112> Shockley partial dislocations on alternate close-packed {111} planes 

[31,32]. This transformation is amplified by the solidification structure of AP samples, 

since the accumulated thermal strains can also generate high amounts of vacancies and 

fractions of stacking faults around lattice dislocations [33]. The reaction and dissociation 

of perfect dislocations led to the emergence of multiple arrays of parallel bands highlighted 

in the SEM, PQ, and KAM maps of the AP samples. Although the phase maps 

predominantly displayed a γ-phase structure, the emergence of Shockley partial 
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dislocations from lattice dissociation led to the creation of ultrafine dendritic ε-phase 

embryos within the γ grains. These embryonic structures originate under non-equilibrium 

solidification conditions, resulting in an increased density of internal defects like 

dislocations and stacking faults. Alongside localized alloy segregation and carbide 

precipitation, these defects serve as potent nucleation sites that facilitate subsequent phase 

transformations during the aging heat treatment process. The KAM maps show lamellar 

subgrain boundaries that indicate ε-phase boundary strain regions and XRD results 

recorded a considerable ε-phase percentage (15.6 %). Similar observations regarding the 

role of pre-existing strain on phase transformations were confirmed in nitrogen-doped 

CoCrMo alloys [11]. Unlike the lamellar structures observed in unstrained samples, the 

cold-rolled specimens underwent phase decomposition, evolving into ε, Cr2N, and σ phases 

after heat treatment. SEM images in this study already detected the presence of striations 

that coincide with the cellular structure in the AP samples, while high-resolution analyses 

by other researchers have also observed ultrafine ε-phase bands with a thickness of 

approximately 9 nm inside γ grains [30,34]. 

After solid solution heat treatment (SHT), the solutes within the material became uniformly 

distributed as cellular substructures disappeared. A solution heat treatment step above the 

fcc-hcp transformation temperature is usually first performed to recover the ductility, 

release the internal stresses, redistribute the alloying elements, dissolve the precipitates, 

and achieve a homogenous structure. The previously observed low-angle grain boundaries 

(LAGBs) have been replaced by a considerable amount of Σ3 annealing twin boundaries, 

resulting in the development of equiaxed, polygonal grains with evenly distributed local 

misorientations. While cast CoCrMo alloys expect the development of around ∼12 % ε-
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phase formation upon quenching of solution heat-treated samples [13], the SHT sample did 

not detect any ε-phase bands in the PQ and SEM Maps. This absence can be attributed to 

the presence of nitrogen as it inhibits athermal ε-martensite formation from stacking faults 

if the composition exceeds 0.10 wt. % [35].  Another reason is the occurrence of static 

recrystallization triggered by tangled dislocations and the homogenization of carbon, 

which acts as a stabilizer for the γ-phase. However, Kajima et al. [36] reported complete 

recrystallization and elimination of anisotropic behavior after a longer exposure duration 

of 6 hrs. This observation is consistent to the localized dendritic misorientation that 

remained inside some grains in the KAM map of the SHT sample, despite the overall 

reduction in residual stresses resulting from cooperative motion of boundary dislocations. 

Therefore, the SHT sample can utilize a combination of low-energy coherent twin 

boundaries, which can function as new nucleation sites, and retained strain energy from 

cyclic reheating, which can serve as the driving force for the required transformation.  

5.4.2 Effects of isothermal aging at 940 °C to as-printed samples 

Various microstructural features, including low-energy coherent twins, solute clusters, 

grain boundaries, and ultrafine dendrites, can serve as ε-phase embryos under specific heat 

treatment conditions. The subsequent growth is controlled by the local dislocations and the 

systematic arrangement of Shockley partials, as the transformation takes place by faulting 

along the fcc's most densely packed planes [37,38]. The nucleated ε-phase also displays 

the Shoji-Nishiyama orientation relationship [29] with the surrounding γ-phase grains and 

manifests as dense parallel bands that can eventually thicken and form complete grains. 

The difference in ε-phase formation and distribution between DHT and SAHT samples is 

evident from EBSD analysis (73.6 % and 43.8 % ε-phase, respectively) and XRD 
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calculations (71.2% compared to 49.2% ε-phase, respectively). For DHT samples, the 

microstructure is densely populated with thick ε-phase bands, which strongly influenced 

the distribution of the decomposed cell structures. Figure 5.6b reveals the presence of 

transgranular and criss-cross bands, showing the extent of isothermal transformation. The 

green arrows in the figure indicate regions with high concentrations of Mo and C from EDS 

maps (not shown here), which suggests that thick ε-phase bands and criss-cross junctions 

are preferred carbide nucleation sites. The intersection of the newly formed ε-phase regions 

along intrinsic faults with the preexisting stacking faults triggers the development of partial 

arrays of vacancies if a sufficient driving force is available. These regions containing high 

vacancy planes can accommodate the lattice mismatch between the faulted region and 

possible precipitates [39]. The presence of ordered precipitates aligned inside ε-phase 

bands can be explained by this phenomenon. 

The isothermal transformation process starts within γ-fcc grains along parallel bands and 

ultra-fine ε-phase embryos, as shown from the nucleation sites observed in the KAM map 

of Figure 5.7c and as originally observed in the as-built microstructure in Figure 5.1b. The 

slight inherent initial texture due to printing can provide an explanation for the 

development of transgranular bands, as similarly oriented γ grains develop continuous 

striations during transformation. As the aging process continues, adjacent lamellae 

experience thermally activated growth at the expense of stacking faults. This progression 

occurs inside the grains until the transformation to the more stable ε-phase is complete 

[40]. The growth of the ε-hcp phase from the metastable γ-phase is limited by the 

movement of Shockley partial dislocations and can be accelerated by increasing the 

temperature and prolonging the duration of the aging process [37]. However, Putaux [28] 
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noted that Shockley partials along grain boundaries that satisfy the transformation 

condition are limited by the nucleation rate of correlated dislocations. Lateral growth will 

be challenging since the elastic energy associated with thickening is not favorable and the 

stacking fault sequence should be preserved. Moreover, the alternating Shockley partials 

in layered ε-phase substructures result in zero overall deformation and lower elastic energy. 

Therefore, the thickening of ε-phase bands in the martensitic transformation alone cannot 

fully account for the observed mechanism in the EBSD maps. These maps reveal a more 

extensive and heterogeneous transformation, with newly formed grains being smaller than 

the original γ grains. Most of the ε-phase grains, which demonstrate minimal internal 

misorientation, lack the striations observed within the untransformed γ-phase grains. This 

indicates the occurrence of another transformation mechanism, which is termed massive 

transformation accompanied by recrystallization. 

Similar to the analysis in Figure 5.11g-5.11i, a comparison of the orientation relationships 

between phase boundaries in DHT and SAHT samples are shown in Figure 5.12. The 

analysis revealed various types of ε-phase morphology in the DHT samples. These include 

large ε-hcp grains surrounded by γ-fcc grains without any specific orientation relationship 

(OR), compact ε-hcp grains with a smaller grain size and no local misorientation, and 

parallel arrays of ε-phase within untransformed γ-fcc grains exhibiting the S-N OR. 

Researchers have observed massive transformation as an alternative martensitic 

transformation at temperatures exceeding 800 °C [6,14,30]. However, it is important to 

note that only the initial nucleation boundary exhibits a low-energy interface with the S-N 

OR, while the selective growth of grains generates surfaces that lack crystallographic 

coherency with the surrounding γ-phase. As a result, most of the newly formed ε-hcp grains 
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in Figure 5.12a do not exhibit the S-N OR with the surrounding γ grains. A comparison is 

drawn using two highlighted grains displaying the transformation start and finish 

conditions. While some ε-phase bands within the γ grain that exhibit S-N OR can be 

observed at the start of transformation, the surrounding ε-phase grains consume the original 

γ grain boundaries and form new phase boundaries that do not obey S-N OR. Consequently, 

these ε-phase grains can readily merge over time, leading to uneven grain growth and a 

diverse grain size distribution at the end of transformation. The orientation distribution 

within a single γ grain (labeled c and highlighted with red in Figure 5.12a) was also outlined 

using pole figures in Figure 5.12c. The mean orientation of the γ phase is (270.2°, 21.3°, 

and 71.8°), with an average deviation of 4.4°. Considering this as the parent orientation, 

the theoretical orientations necessary for the transformed ε-phase to obey the S-N OR were 

predicted and shown in red in Figure 5.12c. The corresponding (0001) and (1120) 

projections of the recorded ε-phase measurements were then compared to the idealized 

orientations. Only a portion of the ε-phase orientations are found to cluster closely around 

the projected S-N predictions. Furthermore, in this study, a slightly elevated aging 

temperature was employed, facilitating the consumption of newly transformed ε-hcp grains 

by smaller grains. This process led to the formation of recrystallized structures with random 

orientation and minimal local misorientation, utilizing the cumulative strain regions 

generated during the printing process. Figure 5.12a also displays multiple ε-γ phase 

boundaries that do not exhibit a specific OR, highlighting the extensive growth after DHT. 

Massive transformation capitalizes on the localized reduction of carbon content due to 

precipitate formation along heavily dislocated cell walls. The short-range diffusion process 

destabilizes the γ-phase and triggers the preferred and uninterrupted linear growth of the ε- 
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phase across the boundaries between grains [14]. However, some regions in the cellular 

Figure 5.12. Transformation analysis: Figures 12a and 12b show band contrast maps with 
IPF color representation of hcp phases, highlighting ε-γ phase-boundaries that satisfy the 
Shoji-Nishiyama orientation relationship within 5° for DHT and SAHT, respectively. 
Grains that portray the start and end of γ-ε transformation are magnified, along with the 
growth direction of ε-phase. Pole figure projections of hcp grains for DHT and SAHT are 
illustrated in Figures 12c and 12d, comparing ε-phase orientations to the projected hcp 
planes satisfying the Shoji-Nishiyama orientation relationship based on the mean fcc 
orientation. 
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structure do not have sufficient segregation for the mechanism to be energetically favored, 

which results to non-uniform transformation and growth. Overall, a heterogeneous ε-phase 

structure was formed during DHT as a result of a combined transformation mechanism 

involving both martensitic and massive modes. 

5.4.3 Effects of isothermal aging at 940 °C to solution heat-treated samples 

In contrast, the SHT samples exhibited a more gradual ε-phase transformation. The 

morphology of the previous γ grains were retained, and regions with incomplete 

transformation show that grain boundaries and annealing twins served as preferred sites for 

nucleation during the isothermal transformation. The ε-phase transformation spreads inside 

the grain in all directions, without consuming the previous γ grain boundaries. The 

chemical homogenization during SHT resulted in a shift of preferential carbide nucleation 

sites from inside the grains and partially disintegrated cellular structures to the grain 

boundaries. This change, coupled with stress relief and the elimination of dislocations and 

stacking faults, significantly modifies the transformation dynamics observed after SAHT. 

The microstructures depicted in Figure 5.8a and Figure 5.8b illustrate that most ε-phase 

bands originated from grain boundaries, which served as preferential sites for carbide 

precipitation. The polygonal grain boundaries acted as carbon sinks and preferred 

nucleation sites for martensite bands that extend into the grains, which is evident in the 

microstructure. Moreover, the presence of carbide precipitates at the interfaces creates 

solute drag, which hinders interface migration during the transformation [12]. As a result, 

both phases exhibit similar grain sizes and grain boundary morphologies after aging, 

facilitating a uniform transformation albeit at a slower pace. 
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While DHT samples can instigate autocatalytic martensite nucleation events from inside 

grains through the intercellular network that is saturated with solutes, SAHT samples are 

limited to grain boundaries and low-energy twin boundaries. Bollman's model of 

intersecting faults [41] also suggests that the growth of ε-phase layers can be affected by 

the size of the grain, as the presence of grain boundaries can hinder local transformation. 

In order to continue the transformation process, faults that meet the three possible 

orientations along the local stress field must be found. Despite the presence of multiple ε-

phase bands surrounding the central region in Figure 5.8b, there are no visible martensite 

striations indicating ε-phase transformation inside the grain. Figure 5.9b also displays 

untransformed γ-phase regions where Σ3 CSL boundaries are retained within the grains, 

even though the transformed regions have utilized the special boundaries for nucleation. 

This suggests that regions lacking nucleation sites along boundaries would require more 

time to undergo transformation, as the boundaries impede the progress of martensite 

nucleation. Nevertheless, carbide nucleation continues to a lesser extent with aging, as 

evidenced by the presence of discontinuous precipitates randomly distributed within the 

untransformed γ-phase grains. The localized reduction in carbon around these precipitates 

then promotes further transformation in multiple directions, enabling the complete 

transformation of γ-phase grains with their previous boundaries intact.  

Similar to the analysis in the DHT sample, the orientation distribution within a single γ 

grain (labeled d and highlighted with red in Figure 5.12b) was also examined using pole 

figures in Figure 5.12d. The mean orientation of the γ phase is (330.9°, 41.1°, and 34.0°), 

with a lower average deviation of 1.7° compared to the DHT sample. The corresponding 

(0001) and (1120) projections of the recorded ε-phase measurements were again compared 
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to the idealized S-N OR reflections. Despite a slight scatter, which can be caused by the 

huge sample size, the observed orientations fall close to the predicted S-N OR. A majority 

of regions within a transformed grain exhibit the same orientation, enabling the 

preservation of the initial average grain size and reducing internal misorientations. The 

reduced density of stacking faults and dislocations after SHT has hindered the ε-phase 

transformation that occured during SAHT, as some potential growth sites for ε-phase 

embryos created during the printing step have already been consumed for the formation of 

new, equiaxed γ grains. The KAM maps obtained after DHT are consistent with this 

observation, showing a higher degree of transformation with fully developed ε-phase grains 

and practically no internal misorientation after transformation. Studies on the kinetics of γ-

ε transformation [40] have also found that solution-treated specimens undergo a longer 

incubation time and a more sluggish growth due to a reduction in the available sites for ε-

phase nucleation. Additionally, the measured lattice strains show a gradual decrease in 

solution-treated samples, whereas there is minimal change observed in the as-printed 

samples after the initial stages of aging. 

Figure 5.13 summarizes the transformation mechanisms observed in different conditions. 

While cast and wrought alloys exhibit low residual ε-phase percentage inside equiaxed 

grains with dendritic morphology [13,42], the non-equilibrium conditions in AM structure 

develop multiple parallel ε-phase striations, carbide precipitates in cell walls, and dendritic 

embryos from local strain. Applying SHT promotes an equiaxed single-phase fcc 

microstructure featuring annealing twins. The absence of athermal ε-phase bands typically 

found in cast alloys is linked to nitrogen inhibition. Aging at slightly elevated temperatures 

utilizes distinct nucleation sites for phase transformations. DHT grows ε-phase along 
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ordered carbide precipitates, expanding ε-phase bands, and decomposed cell structures. 

Heterogenous growth is promoted by alloy segregation and localized strains. On the other 

hand, carbide precipitation along grain boundaries and the low-energy annealing twins act 

as nucleation sites for the SAHT sample. 

Prolonged aging promotes noticeable differences in the developed microstructure. The 

DHT specimen exhibited irregular grain growth and precipitate formation. In this sample, 

61.7% of ε-γ phase boundaries conform to the S-N orientation relationship (OR), thereby 

attributing a minimum of 38.3% of the transformation boundaries to massive 

transformation. Conversely, SAHT samples maintained the shape of prior fcc grains and 

promoted a homogenous distribution of precipitates. Most (90.2 %) of the ε-γ phase 

boundaries adhere to the S-N OR, indicative of the prevalent isothermal transformation. 

 

Figure 5.13. Illustration of transformation mechanisms observed in AM CoCrMo alloy. 
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5.5 Conclusions 

This study examined the γ-ε phase transition and carbide precipitation mechanisms during 

the aging heat treatment of both as-printed and solution-treated CoCrMo samples 

fabricated using L-PBF. The conclusions drawn from the observations are as follows: 

 The initial microstructures of as-printed and solution-treated samples significantly 

influenced the transformation morphology after aging heat treatment. As-printed 

samples exhibited a highly dislocated cellular structure with uniformly distributed 

M23C6 carbides and multiple parallel ultrafine ε-phase bands. In contrast, solution 

heat-treated samples leveraged a blend of low-energy coherent twin boundaries as 

new nucleation sites and retained strain energy from cyclic reheating as the driving 

force for the necessary transformation. 

 EBSD analysis and XRD calculations confirmed a higher ε-phase fraction in DHT 

samples compared to SAHT samples. DHT samples were densely populated with 

transgranular ε-phase bands, partially dissolved cell walls, and ordered carbide 

precipitates resulting from the combined effects of isothermal transformation, 

massive transformation, and recrystallization. Conversely, SAHT samples 

exhibited a more gradual isothermal transformation originating along grain 

boundaries and coherent interfaces, preserving the initial average grain size and 

reducing internal misorientations.  

 EBSD analysis underscored the significance of the initial AM texture, which can 

lead to transgranular bands and adjacent ε-phase grains with similar orientations. 

These can readily merge over time, leading to uneven grain growth and a diverse 

grain size distribution after transformation. SAHT samples displayed a consistent 
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orientation inside transformed grains, enabling the retention of previous γ grain 

boundaries. 

 The preferred sites for carbide precipitation shifted from cellular walls in DHT 

samples to grain boundaries and coherent interfaces in SAHT samples. The 

isothermal transformation is heavily influenced by the formation of carbon sinks. 

Elongated precipitates can promote solute drag and hinder interface migration 

during the transformation. 
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Background 

The unique variant selection and austenite reversion mechanisms observed in the MMAM 

component after heat treatment warranted a deeper investigation of the martensite 

transformation mechanisms for maraging steel. This chapter determines if these 

mechanisms can still be observed after heat treatment of maraging steel samples printed on 

their own. The variant selection phenomenon for this material has rarely been observed 

after printing because of a valid reason: normally, after printing, this steel quickly cools 

down and turns into martensite directly, without forming any austenite. Reliable parent 

construction software such as MTEX are currently available, but the certainty of the 

orientation relationship in simulations regardless of the transformation conditions remains 

a point of contention. To overcome this limitation, over-aging was conducted at 490 °C for 

10 hours to trigger the reversion of austenite and investigate the resulting two-phase 

structure. This procedure led to observations in parent-child orientation relationships that 

have been seen for the first time in this study: during austenite reversion, the austenite 

orientation remarkably follows the morphological patterns of preceding melt pools and 

columns prior to the disappearance of cell structures. The local element segregation 

induced by rapid solidification contributes to the resulting texture of the reverted austenite, 

which can then be related to the variant selection mechanisms observed in the previous 

chapters. Other heat treatments have also been analyzed for comparison, applying parent 

grain reconstruction to single phase samples. 
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Abstract 

In Laser Powder Bed Fusion (L-PBF) of maraging steel, oscillating thermal cycles inherent 

to additive manufacturing (AM) revert the melt pool to its parent phase repeatedly and 

creates sharp lath transformation morphologies. Investigating the influence of parent 

texture and solute distribution, this study delves into the variant formation during fcc-γ 

austenite to bct-α’ martensitic transformation, especially under prolonged aging. Results 

indicate columnar prior austenite grains in as-built samples, which undergo refinement 

after direct aging and adopt an equiaxed morphology after annealing. In contrast, overaged 

specimens revealed that austenite reversion starts at cellular boundaries that have 

disintegrated over time due to chemical diffusion. The austenite grain formation 

remarkably mirrors the preceding melt pool patterns. Furthermore, certain reverted 

austenite grains displayed limited child orientation selection, such as a columnar grain that 

did not manifest any of the six possible c (111) variants. Future studies will uncover 

mechanisms dictating selection during austenite reversion. 

6.1 Introduction 

In the domain of L-PBF applied to maraging steels, a captivating interplay of phase 

transformation dynamics occur during the sequential layer printing due to cellular solute 

segregation and the overlapping solidification morphology. Within the melt pool, distinct 

regions showcase varying martensite lath structures after AM and after subsequent heat 

treatment. Typically in martensitic systems, an orientation relationship (OR) is established 

between the parent austenite grain and a set of resulting product orientations, termed 



 

173 

variants, irrespective of whether the transformation pathway involved displacive or 

diffusional processes [1]. Each variant possesses identical odds of forming from a prior 

grain and the resulting configuration dilutes the parent texture for energy minimization. 

Prominent ORs such as the Kurdjumov-Sachs (K-S) relationship characterized by the 

{111}γ || {110}α and <110>γ || <111>α parallelism conditions, corresponding to 24 variants, 

and the Nishiyama-Wassermann (N-W) relationship, defined by {111}γ ||{110}α and 

<211>γ || <110>α, which results to 12 possible variants [2], are often reproduced in research 

examining fcc-bcc transformation pairs.  

However, variable heating during AM reverts the melt pool to the parent phase multiple 

times and creates sharp lath transformation morphologies. The mechanism entails complex 

solidification textures and might not preserve all potential martensitic variants. This study 

explores the influence of parent grain texture and solute distribution on the fcc-γ austenite 

to bct-α’ martensitic transformation in as-built, aged, and annealed maraging steel. The 

apparent variant selection during austenite reversion after long aging conditions were also 

investigated. Given that most as-built and heat-treated microstructures predominantly 

exhibit a fully transformed martensitic matrix, we employed reconstruction algorithms for 

parent grain analysis, simulating the prior austenite structure using recognized ORs as a 

basis. Interestingly, the over-aged sample exhibits reverted austenite structures and 

therefore permits a fresh perspective on examining phase transformation phenomena. 

Martensite clusters that surround adjacent austenite regions with uniform orientation were 

compared with predicted variants of the aforementioned ORs to establish the selection of 

product orientations during austenite reversion. This research presents two possible 
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pathways for probing phase transformation in AM components while avoiding the 

challenges of simulating rapid thermal cycles thermodynamically. 

6.2 Experimental Procedure 

The maraging steel component containing 18 % Ni and 9.5 % Co was fabricated using gas-

astomized powders sourced from voestalpine Additive Manufacturing Center Ltd. (vAMC) 

utilizing the EOS M290 printer. Table 1 presents the Inductively Coupled Plasma - Optical 

Emission Spectroscopy (ICP-OES) analysis results of the employed powders which have 

sizes between 15 and 70 μm. During printing, the following printing parameters were 

preserved: laser power of approximately 290 W, laser speed at 1.1 cm/s, layer thickness 

close to 50 µm, hatch distance near 0.1 mm, and a zigzag hatching style with a 50° rotation 

in every successive layer.  

Table 6.1. Composition of the investigated maraging steel (in wt %). 

Ni Co Mo C Si Mn Ti Fe 

17.9 9.4 4.8 0.03 0.15 0.15 1.3 Bal. 

The as-fabricated samples underwent varied heat treatment schedules to induce distinct 

lath morphologies and cellular decomposition scenarios. For HT1, direct aging was 

performed at 490 °C for 3 hours, based on dilatometric analyses that pinpointed the 

precipitation temperature between 450-580 °C [3]. HT2 involved annealing at 940 °C for 

2 hours to partially decompose the AM structure, exceeding the recognized austenite finish 

temperature of 820 °C. Over-aging for HT3 was conducted at 490 °C for 10 hours to trigger 

the reversion of austenite and investigate the resulting two-phase structure. All treatments 

were carried out within a sealed tube furnace, adhering to a constant argon pressure of 10−5 

bar, heating rate of 2 °C/s and water quenching to room temperature. Samples from each 
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condition underwent orientation analysis using a ThermoFisher Scios 2 SEM geared with 

an EBSD detector. For the conditions involving consistent bct phase structures (as-built, 

HT1, and HT2), multiple modified functions involving the MATLAB-based MTEX 

parentGrainReconstructor algorithm [1] were programmed to establish the prior austenite 

grains (PAGs) for variant analysis. On the other hand, austenite reversion in HT3 was 

investigated using pole figures by projecting all {100}α bct orientations into the {111}γ 

austenite plane and comparing them to predicted orientations of K-S and N-W variants.  

6.3 Results and Discussion 

The initial microstructure after LPBF depicted in Figure 6.1a shows a mixture of thick and 

fine fragmented laths aligned with the underlying melt pool morphology. Due to the 

fluctuating thermal conditions experienced by the powder bed during solidification, the 

hierarchical packet-block-lath martensite structures observed in as-quenched maraging 

steels did not manifest in the EBSD orientation maps. What emerged instead were 

elongated grains with similar orientations but are isolated by incomplete growth, hinting at 

parallel lath structures that could have fully formed under stable solidification conditions. 

After direct aging, the HT1 sample in Figure 6.1b reveals pronounced disintegration of 

laths while the melt-pool matrix morphology remains intact. A slight grain refinement 

occurs as the cellular structures produced by additive manufacturing are partially 

decomposed due to the redistribution of alloying elements. In addition, the aging 

temperature also triggers the formation of strengthening precipitates (Ni3Ti, Ni3Mo and 

Fe7Mo6, etc. [4,5]) with contrasting morphologies that, in turn, also influences the strain 

distribution during lath reconfiguration. Nevertheless, matrix morphology largely mirrors 

the as-built sample.  
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On the other hand, the HT2 sample annealed above Af as illustrated in Figure 6.1c features 

a more consistent lath morphology and an equiaxed matrix. Since this heat treatment 

triggers the partial dissolution of cellular structures, quenching permits the formation of 

multiple parallel laths with uniform thickness throughout the microstructure. A few 

isolated martensite islands that have not developed into parallel structures still exist, 

suggesting that thorough homogenization of these structures might require a longer 

annealing period or a solution heat treatment above 1100 °C [3]. The final condition 

displayed in Figure 6.1d shows the orientation properties of the HT3 sample after over-

aging for 10 hours at 490° C. Among the conditions evaluated, only HT3 exhibited 

austenite reversion that is typically seen at slightly higher temperatures (530-670 °C [6]). 

Extended aging enabled chemical diffusion, cellular structure disintegration, grain growth, 

Figure 6.1. Inverse pole figure (IPF) color map of maraging steel subjected to various 
conditions: (a) as-built, (b) direct aging at 490 °C for 3 hours (HT1), (c) annealing above 
Af at 940 °C for 2 hours (HT2), and (d) over-aging at 490 °C for 10 hrs (HT3). 
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and phase transformation. The segregation of austenite-stabilizing elements led to the 

emergence of austenite islands that persist at ambient temperature after quenching. Thicker 

laths can also be observed at HT3 compared to those at HT1, which was only exposed for 

3 hours. 

Figure 6.2. Parent grain reconstruction and analysis of fully martensitic structures: IPF 
color map of reconstructed prior austenite grains for (a) as-built, (c) HT1, and (e) HT2 
conditions. Figure 2b shows the variant distribution color map in the as-built sample, 
referencing the 24 variants from K-S OR. For HT1 and HT2, representative grain-scale 
variant distribution maps are showcased in Figures 2d and 2f, respectively, with the variant 
color map (left) and variant orientation distribution superimposed in the IPF map (right). 
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Since the as-built, HT1 and HT2 conditions completely transformed to single-phase bct 

martensite, the ORtools library in MTEX was employed to reconstruct the PAGs and 

analyze the variant distribution. The prior parent orientation is inferred from several 

distinct, neighboring child grains that pinpoint a single parent grain through all possible 

configurations of the designated orientation relationship, which is the K-S OR for all cases 

in Figure 6.2. The algorithm uses Voronoi decomposition to classify the most appropriate 

parent orientations based on a voting system gathered from all adjacent child grains. 

Suboptimal matches are discarded, and orientations with high confidence are iteratively 

nucleated to rebuild the entire microstructure [1]. The results in Figure 6.2a, 2c, and 2e 

reveal significant differences between the austenite morphology prior to transformation 

under various conditions. 

For the as-built sample in Figure 6.2a, the PAGs that decomposed to different variants 

appear columnar and aligned with the building direction (BD). The variant color 

distribution in Figure 6.2b also indicates multiple variants of the same type that nucleated 

in the same orientation but had their growth interrupted due to the rapid heating and cooling 

cycles during the printing process. After undergoing direct aging in HT1 as seen Figure 

6.2c, the columnar structure of PAGs aligned with the BD was still maintained, but a non-

uniform austenite grain size distribution has developed. Some regions have also not 

resolved to a common parent orientation that fits the K-S OR. Factors such as cellular 

decomposition and chemical redistribution reduce the overall predominant texture from 

printing, although analysis of variant distribution at the granular level in Figure 6.2d still 

shows clustering of child orientations along {100} // BD and {111} // BD. A more 

homogenous PAG distribution is evident in the HT2 sample shown in Figure 6.2e, 
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confirming the dissolution of the melt morphology after printing. Although regions with 

no parent solutions based on K-S OR have increased, the detection of grains with randomly 

oriented variants shown in Figure 6.2f confirms the efficacy of the short annealing time in 

producing PAGs that transform into complete martensite packets. 

Some challenges arise during parent austenite reconstruction of maraging steels. The high 

crystallographic symmetry inherently produces 24 potential variants, implying multiple 

possible parent orientations from a singular orientation. The presence of annealing twins 

also leads to six indistinguishable variants within the same (111) habit plane. Adjacent 

laths also have low relative misorientation that complicates granular categorization [7]. 

The certainty of the orientation relationship regardless of the transformation conditions is 

also a point of contention. 

However, the analysis undertaken for HT3 in Figure 6.3 and Figure 6.4 successfully 

circumvents these challenges. Here, regions with similarly oriented reverted austenite were 

used as basis in identifying the surrounding martensite grains that are expected to exhibit 

the K-S OR, along with predicting the orientation of possible variants. The phase map in 

Figure 6.3a reveals that austenite reversion starts at the melt pool and cell boundaries that 

have disintegrated over time due to chemical diffusion. Besides having higher 

concentrations of austenite-stabilizing elements, the presence of dislocation walls in cell 

boundaries [8] can provide the necessary driving force for the austenite reversion kinetics. 

As documented for the first time in this study, Figure 6.3b also shows that the formation 

of austenite grains during reversion remarkably mirrors the morphological patterns of 

preceding melt pools and columns. Although the cellular structures have partially 

disintegrated, they play a crucial role in the phase and orientation distribution during 
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austenite reversion, adding a critical dimension to the understanding of the transformation 

process. 

Taking the highlighted austenite regions with consistent orientation in Figure 6.3b, variant 

analysis was conducted with the surrounding martensite laths. Figure 6.4a illustrates the 

{100}γ austenite orientations within the melt-pool shaped grain, revealing a mean 

orientation of φ1 = 57° ϕ2 = 42° and φ3 = 18° and a notably low average deviation of 3°. 

On the other hand, the {100}γ orientations inside columnar austenite grain are captured in 

Figure 6.4b, showing a mean orientation of φ1 = 246° ϕ2 = 21° and φ3 = 45° with an average 

deviation of 4°. Figure 6.4c and 6.4d portray the {100}α orientations of the surrounding 

martensite laths shown in gray that are inside the outlined melt pool and column regions, 

respectively. To analyze the distribution of martensite orientations, the experimental results 

were compared to the predicted variants of the relevant orientation relationships, as shown 

in Figure 6.4e and 6.4f. Both the projected K-S and N-W OR variants (calculated from the 

average γ orientation) are represented: blue circles for K-S and red triangles for N-W. 

These are overlaid onto the gray-shaded {100}α orientations of the included martensite 

laths projected onto the (111)γ plane. For clarity in visualization, the [110] and [112] planes 

of the average austenite orientation were aligned with the x- and y-axes, showcasing the 

Figure 6.3. EBSD analysis of HT3: phase map showing fcc and bcc regions, and (b) band 
contrast map overlain with the reverted austenite (fcc) IPF color map. 
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variant distribution around the three Bain circles and the mean austenite orientation [2]. 

Furthermore, the predicted K–S variants in Figure 6.4e and 6.4f are also denoted using the 

Figure 6.4. Pole figure analysis of melt pool-shaped and columnar shaped austenite grain: 
(a-b) band contrast overlaid with IPF color map of fcc phase (left) with pole figures of 
{100}γ projected along the BD (right), (c-d) band contrast overlaid with IPF color map of
bcc phase (left) with pole figures of {100}α projected along the BD (right), (e-f) band 
contrast overlain with the phase map (left) with comparison of {100}α to the predicted K-
S and N-W variants along the {111}γ plane. (a), (c), and (e) refer to the melt pool-shaped 
austenite grain while (b), (d) and (f) refer to the columnar austenite grain. 
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Bishop–Hill [9] naming system, where the labels are designated according to all possible 

variations of the closely-packed {111}γ planes. 

The pole figure in Figure 6.4e shows that the surrounding martensite laths successfully 

aligned with all 24 possible K-S variants and 12 N-W variants inside the melt pool-shaped 

austenite grain. However, certain orientations like a1, bIII, and -bIII have lower densities 

compared to the rest of the predicted variants. In contrast, Figure 6.4f delineates the 

absence of several geometrically anticipated variants in the columnar grain: specifically 

for K-S OR (-aI, aIII, -cI, cI, -cII, cII, cIII, and -cIII) and for N-W OR (v2, v3, v7, v8, and 

v9). Notably, none of the six possible variants expected from the c (111) austenite plane 

parallelism condition appeared in the surrounding martensite laths. This grain displayed a 

distinct variant selection despite not applying any deformation. Upcoming research will 

reveal the underlying mechanisms governing the selection criteria during austenite 

reversion. 

6.4 Conclusions 

Different PAGs morphologies from fully transformed conditions emphasize the influence 

of the starting melt structure. The printing pattern produces columnar austenite grains 

aligned with the BD, with multiple variants experiencing interrupted growth despite 

nucleating in the same orientation. Direct aging shows non-uniform PAG size distribution, 

while a more homogenous PAG distribution is achieved after annealing above Af. 

The extended aging features a complex interplay between chemical diffusion, cellular 

structure disintegration, precipitate formation, grain growth, and phase transformation. 

Thicker laths and reverted austenite are developed while dislocation walls along cell 

boundaries can provide the energy requirement for the transformation. 
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As newly established in this research, the formation of austenite grains during reversion 

closely resembles the morphological patterns of preceding melt pools and columns. Despite 

partial disintegration of cellular structures, they critically influence phase and orientation 

during austenite reversion. 

The lack of several expected variants can occur during austenite reversion depending on 

the morphology of the adjacent austenite grains.  
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The continuous printing and effective heat treatment of a maraging steel-CoCrMo alloy 

multi-material component was studied in detail. For this purpose, comprehensive 

characterization and material property testing of the interface after printing and after 

multiple heat treatment conditions were performed. The analysis was extended to CoCrMo 

and maraging steel individually since they exhibited unique transformation mechanisms 

and texture evolution outside conventional heat treatment conditions. 

Designing an effective heat treatment schedule for the MMAM component presents two 

key challenges: firstly, ensuring that alloy migration, intermetallic precipitation, and phase 

distribution along the transition zones do not weaken or compromise the structural 

integrity; and secondly, achieving the desired internal structure, dislocation distribution, 

texture, mechanical properties, and phase transformations in each base alloy. The first 

challenge is tackled in Chapters 3 and 4, with the objective of identifying the interfacial 

characteristics in the transition zones and developing an approriate heat treatment strategy 

to satisfy the mechanical property requirements of the target component applications. The 

second challenge is answered in Chapters 5 and 6, with the objective of determining the 

governing phase transformation behaviors and precipitate formation in CoCrMo alloys 

during heat treatment in Chapter 5 and determining the texture evolution in maraging steels 

during heat treatment in Chapter 6. These analyses led to the following conclusions: 

 The interface of the as-printed samples exhibits discontinuous martensite 

transformation of fully fcc phase columnar grains influenced by the combined 

effects of growth orientation, solute segregation, local stress accumulation, and 
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cellular growth. Future work could investigate the difference in corrosive and wear 

properties across the interface of the multi-material structure. 

 Nano-indentation hardness measurements suggest successful precipitation 

strengthening and stress relief in the CoCrMo alloy region. Mechanical tests show 

that its tensile strength remained stable at approximately 1185 MPa before and after 

heat treatment, with elongation improving from roughly 14.7% to 27.1%. The 

observed increase in strength and ductility, especially evident at the fracture points 

after tensile testing, reflects the strong bonding strength between the CoCrMo alloy 

and maraging steel components. 

 After solidification and heat treatment, grain-scale martensite variant selection is 

observed in the austenite-martensite boundaries of the multi-material component. 

This is attributed to the presence of residual stress and recoil pressure, which 

intensify at the melt's center. However, this effect is mitigated near the boundaries 

of the melt pool, where convective flow is more intense. Future work could 

investigate the individual effects of printing parameters to the distribution of 

martensite orientation after phase transformation. 

 Exposing the multi-material component to 1150 °C for 2 hours, then to 940 °C for 

5 hours, followed by 490 °C for 6 hours, generated the smoothest end-to-end 

composition, texture, and hardness variation among all tested heat treatment 

schedules. The superior tensile strength observed is the result of synergistic 

strengthening effects from the precipitation of intermetallic compounds in 

maraging steel and a pronounced γ-ε transformation in CoCrMo alloy. 
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 Homogenous solute distribution, which is achieved during solution treatment of the 

multi-material component, prevents austenite reversion and overshadows the 

effects of precipitation-induced alloy depletion during austenite reversion. 

 The initial microstructures of as-printed and solution-treated CoCrMo alloy 

samples dictated the transformation morphology after aging heat treatment. As-

printed samples exhibited a highly dislocated cellular structure with uniformly 

distributed M23C6 carbides and multiple parallel ultrafine ε-phase bands. In 

contrast, solution heat-treated samples displayed a blend of low-energy coherent 

twin boundaries as new nucleation sites and retained strain energy from cyclic 

reheating as the driving force for phase transformation. Future work could 

investigate the variation in wear properties at different treatment conditions. 

 During heat treatment of as-printed maraging steels, the formation of austenite 

islands during reversion closely resembles the morphological patterns of prior 

cellular and melt pool boundaries. Despite partial disintegration of cellular 

structures, they critically influence phase and orientation during austenite reversion. 

The extended aging features a complex interplay between chemical diffusion, 

cellular structure disintegration, precipitate formation, grain growth, and phase 

transformation. Thicker laths and reverted austenite are developed while 

dislocation walls along cell boundaries can provide the energy requirement for 

austenite reversion. 
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